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Abstract 
 
The germanium-tin (Ge1-xSnx) material system is expected to be a direct bandgap 
group IV semiconductor at a Sn content of 6.5 − 11 𝑎𝑡. %. Hence there has been 
much interest in preparing such alloys since they are compatible with silicon and 
they raise the possibility of integrating photonics functionality into silicon 
circuitry. However, the maximum solid solubility of Sn in Ge is around 0.5 𝑎𝑡. % 
and non-equilibrium deposition techniques such as molecular beam epitaxy or 
chemical vapour deposition have been used to achieve the desired high Sn 
concentrations. 
In this PhD work, the combination of ion implantation and pulsed laser melting 
(PLM) is demonstrated to be an alternative promising method to produce a highly 
Sn concentrated alloy with good crystal quality. In initial studies, it was shown that 
100 𝑘𝑒𝑉 Sn implants followed by PLM produced high quality alloys with up to 
6.2 𝑎𝑡. %𝑆𝑛 but above these Sn concentrations the crystal quality was poor. The 
structural properties of the ≤ 6.2 𝑎𝑡. % alloys such as soluble Sn concentration, 
strain distribution and crystal quality have been characterised by Rutherford 
backscattering spectrometry (RBS), Raman spectroscopy, X-ray diffraction (XRD) 
and transmission electron microscopy (TEM). The optical properties and 
electronic band structure have been studied by spectroscopic ellipsometry. The 
introduction of substitutional Sn into Ge is shown to either induce a splitting 
between light and heavy hole subbands or lower the conduction band at the Γ 
valley. 
However, at higher implant doses needed to achieve > 6.2 𝑎𝑡. % 𝑆𝑛, ion-beam-
induced porosity in Ge starts to occur, which drastically reduces the retained 
amount of the implanted Sn and such microstructure also hinders good 
crystallisation of the material during PLM. To solve this problem, it was shown that 
a nanometer thick SiO2 layer deposited on the Ge substrate prior to the 
implantation can largely eliminate the formation of porosity. This capping SiO2 
layer also helps to increase the retained Sn concentration up to 15 𝑎𝑡. % after 
implantation, as well as significantly improving the crystal quality of the Ge-Sn 
layer after PLM. With the use of the capping layer, a good quality Ge-Sn layer with 
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~9 𝑎𝑡. % 𝑆𝑛 has been achieved using Sn implants at an energy of ~120 𝑘𝑒𝑉. 
However, the thin film alloys produced by 100 𝑘𝑒𝑉 or 120 𝑘𝑒𝑉 Sn implantation 
and PLM are shown to contain compressive strain as a result of the large lattice 
mismatch between Ge and high Sn content alloys. Such strain compromises the 
tendency towards a direct bandgap material and hence strain relaxation is highly 
desirable. A thermal stability study showed that the thin film strained material is 
metastable up to ~400℃, but thereafter Sn comes out of solution and diffuses to 
the material surface. 
To investigate a possible pathway to the synthesis of strain-relaxed material, a 
higher Sn implant energy of 350 𝑘𝑒𝑉 was used to produce thicker alloy layers. 
XRD/reciprocal space mapping showed that this thicker alloy material is largely 
relaxed after PLM, which is beneficial for the direct band gap transition and solves 
the trade-off between higher Sn concentration and compressive strain. However, 
RBS indicates a sub-surface band of disorder which suggested a possible 
mechanism for the strain relaxation. Indeed, TEM examination of such material 
showed the material relaxed via the generation of non-equilibrium threading 
defects. Despite such defects, a PL study of this relaxed material found photon 
emission at a wavelength of ~2150 𝑛𝑚 for 6 − 9 𝑎𝑡. % 𝑆𝑛 alloys. However, the 
intensity of the emission was variable across different Sn content alloys, 
presumably as a result of the threading defects. A possible pathway to removing 
such defects is given that may enable both photodetectors and lasers to be 
fabricated at wavelengths above 2𝜇𝑚.  
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Introduction and literature review 
1 Introduction and literature review 
1.1 Challenges in the semiconductor industry beyond silicon 
technology 
For more than five decades, the semiconductor industry has achieved tremendous 
success, growing from a US$1 billion industry in the 1960s to $335.2 billion in 2015 
[1]. It has also become a key enabler to generate trillions of dollars in the electronic 
system business and services. This has been made possible predominantly by constantly 
developing technology that has drastically reduced the cost per transistor/cost per chip, 
as well as increased device functionality. Hence it has opened new markets for the 
industry. The first commercially available microprocessor, which was introduced in 
1971 by Intel, had only 2300 transistors. In 2016, most of the central unit processors 
have transistor counts of at least 1 billion, lowering the cost per transistor to about 100 
nano-dollars. This period is the so-called “happy scaling” era, which has been observed 
and predicted since 1965 by Gordon Moore [2], whose well-known law suggested that 
the number of transistors in an integrated circuit doubles every two years.  
 
Fig. 1.1:  Schematic diagram of a MOSFET [3]. 
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The “happy scaling” era indicates the time when the dimension of the electronic 
devices, particularly the metal-oxide-semiconductor field effect transistors (MOSFETs), 
is scaled down in every new generation. This implementation is not only able to 
increase the number of MOSFETs arranged on a single chip, but also improves the 
performance of individual transistors. The structure of a MOSFET is given in Fig. 1.1. 
The drive current of a MOSFET operating in the linear region is as follows [3]:  
 
𝐼𝐷 =
𝑍
𝐿
𝜇𝑛𝐶𝑜𝑥(𝑉𝐺 − 𝑉𝑇 −
𝑉𝐷
2
)𝑉𝐷 
(1) 
In Eq. 1, Z and L are the dimensions of the MOSFET as can be found in Fig. 1.1, 𝜇𝑛 is 
the mobility of electrons in the channel, 𝐶𝑜𝑥 is the capacitance of the gate oxide layer, 
𝑉𝐺 is the gate voltage, 𝑉𝑇 is the threshold voltage and 𝑉𝐷 is the drain voltage. Halving 
the channel length L will increase the drive current 𝐼𝐷 by a factor of 2. For that reason, 
the feature length of an integrated circuit (IC) has been shrunk by more than two orders 
of magnitude since the birth of the IC industry in 1959 [3]. However, once the devices 
are scaled down to a point that the total width of the depletion regions of the source and 
the drain is equal to the channel length, other undesirable issues occur. These issues, 
categorised as short channel effects, are drain-induced barrier lowering, velocity 
saturation, impact ionization, hot electron effects, etc. Fig. 1.2 is the current (I)-voltage 
(V) characteristic of some MOSFETs with a channel length of 7 𝜇𝑚, 3 𝜇𝑚 and 1.5 𝜇𝑚. 
It is shown that the 𝐼𝐷𝑜𝑓𝑓 increases with the shorter channel length. In other words, the 
gate has lost control of the channel conductivity, leading to a large leakage current on 
standby mode (𝐼𝐷𝑜𝑓𝑓) which wastes more energy, degrades the device performance and 
can lead to the malfunctioning of the integrated circuits.  
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Fig. 1.2: Current-voltage characteristic of a MOSFET under drain induced barrier lowering. 
At smaller channel length L, the off drain current 𝐼𝐷𝑜𝑓𝑓 is higher [3]. 
The short channel effects can be somehow alleviated by several methods such as 
increasing doping level at the channel regions and reducing the thickness of the gate 
oxide. However, it is widely anticipated that the scaling period will come to an end from 
2020 to 2025 when the channel length reaches the extreme of 7 𝑛𝑚 [4]. 
In addition, as the electronic devices are scaled down, not only the front-end-of line 
(FEOL) components such as the transistors are causing problems, complications related 
to the back-end-of-line (BEOL) structure such as the local and global interconnects are 
also becoming more serious. To switch the transistor on and off, the line of 
interconnects has to be charged to the voltage of the signal. The time to charge the line 
to 63.2% or un-charge the line to 36.8% of the final voltage is called the delay time or 
RC time constant 𝜏: 
 𝜏 = 𝑅 ∙ 𝐶, (2) 
where the resistance of the line: 𝑅𝑙𝑖𝑛𝑒 = 𝜌 ∙
𝐿𝑙𝑖𝑛𝑒
𝐴𝑙𝑖𝑛𝑒
∝ 𝐿𝑙𝑖𝑛𝑒 
and the capacitance between two parallel lines 
𝐶𝑙𝑖𝑛𝑒 =
𝜀𝑟 ∙ 𝜀0 ∙ 𝐴𝑝𝑙𝑎𝑡𝑒
𝑑
=
𝜀𝑟 ∙ 𝜀0 ∙ 𝐿𝑙𝑖𝑛𝑒 ∙ 𝑊𝑙𝑖𝑛𝑒
𝑑
∝ 𝐿𝑙𝑖𝑛𝑒 
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where 𝜀0, 𝜀𝑟 are the permittivity of vacuum and the medium between the two parallel 
lines, respectively, 𝐴𝑝𝑙𝑎𝑡𝑒 is the overlapping area between two parallel lines, 𝐿𝑙𝑖𝑛𝑒 is the 
length of the line, 𝑊𝑙𝑖𝑛𝑒is the width of the line and 𝑑 is the distance between two lines.  
Therefore, the time constant 𝜏 is proportional to 𝐿𝑙𝑖𝑛𝑒
2  which tends to increase with the 
complexity of the integrated circuit. Between the 0.25 𝜇𝑚 and the 0.18 𝜇𝑚 technology 
node, the interconnect delay has been the dominant component over the gate delay of 
the transistor as shown in Fig. 1.3. To alleviate this issue, copper has been used to 
replace aluminium as the material for the interconnects because Cu has a resistivity of 
𝜌 = 1.7 𝜇Ω ∙ 𝑐𝑚 which is lower than the resistivity of Al of 3.0 𝜇Ω ∙ 𝑐𝑚. In addition, 
low dielectric constant (𝜀𝑟) materials have also been adopted to reduce the capacitance 
value [5,6]. Nevertheless, interconnect delay is still likely to put a limitation upon the 
development of the future generation of devices. Other issues related to the BEOL also 
include reflection noise, cross-talk, switching noise, which are inherent to the 
transmission line behaviours and degrade the overall performance of the circuit together 
with the scaling process. 
 
Fig. 1.3: RC delay of the interconnect lines as compared to the switching delay of the 
transistor. The RC delay can be reduced by replacing aluminium with copper for the 
interconnects and using low k materials as a medium in the BEOL structure [7]. 
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1.2 Ge-Sn alloys as an alternative material for future devices 
1.2.1 Notable properties of Ge-Sn alloys for FEOL and BEOL structures   
With the scaling of the gate length slowing down since the 130 𝑛𝑚 technology node, it 
is also possible to increase the drive current 𝐼𝐷 by improving the carrier mobility of the 
channel material, 𝜇𝑛/𝑝, according to Eq. 1 . This paradigm has been implemented since 
the 130 𝑛𝑚 node, which can be called the mobility scaling. The first method of 
mobility scaling is to introduce strain into silicon. It has been studied that under an 
uniaxial tensile strain the electron mobility is enhanced, whereas an uniaxial 
compressive strain can increase the hole mobility in silicon [8]. For example, Intel has 
implemented the strained silicon method in the 90 𝑛𝑚 manufacturing technology [9-
11]. In Fig. 1.4, a silicon nitride wrap-around cap layer was used to induce a tensile 
strain for the NMOS transistor (Fig. 1.4(a)) and a pair of silicon-germanium 
source/drain stressors introduces a compressive strain in the channel material of a 
PMOS device (Fig. 1.4(b)). As a result of the strain introduction, the performance of the 
NMOS and PMOS devices has been improved to > 10% and > 25%, respectively. It is 
noteworthy that this strain technique can similarly apply for another group IV 
semiconductor such as germanium (Ge). 
 
Fig. 1.4: TEM micrographs of the tensile strained NMOS (a) and the compressive strained 
PMOS (b). The performance of the NMOS and the PMOS is improved 10% and 25% 
respectively [11]. 
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The second method of mobility scaling is to use a high mobility material for the 
channel, which can potentially offer a much greater enhancement to the device 
performance. For example, a III-V semiconducting material such as indium arsenide has 
an electron mobility of 33,000 𝑐𝑚2/𝑉𝑠 as compared to the silicon’s mobility of 
1,450 𝑐𝑚2/𝑉𝑠 [3], and can be used as the channel material for NMOS. For the PMOS, 
Ge has a hole mobility of 1,900 𝑐𝑚2/𝑉𝑠, which is the highest mobility in all of the 
conventional semiconductors. Excellent performance NMOS transistors using III-V 
alloys and PMOS using Ge have been demonstrated [12,13]. However, due to different 
crystal structures and lattice constants, III-V materials cannot be easily grown directly 
on silicon substrates, which is mandatory for the integration process of the 
complementary MOS manufacturing. Rather, III-V thin films are often bonded onto the 
silicon substrate, which complicates the manufacturing process, significantly increases 
cost and limits large scale wafer production.  
In that sense, a group IV semiconducting alloy such as Ge-Sn or Si-Ge-Sn is a 
promising channel material for future electronic devices. As a group IV material, these 
alloys have a diamond cubic structure as well as chemical and physical properties quite 
similar to silicon, which makes them compatible with current silicon technology. 
Theoretical calculations by Sau et al. showed that a Ge-Sn alloy with 7.5 𝑎𝑡. %𝑆𝑛 
grown on a relaxed Ge-Sn buffer layer with 11.2 𝑎𝑡. %𝑆𝑛 can have a fourfold increase 
in both electron and hole mobility as compared to Ge, which already has much higher 
carrier mobility than Si [14]. 
For newly proposed tunnel field effect transistors, use of fundamental direct bandgap 
semiconductor like the Ge-Sn alloy could enhance tunnelling probability and related 
drive-current, allowing operation of devices beyond theoretical subthreshold slope 
limitations of 60 𝑚𝑉/𝑑𝑒𝑐 [15,16]. However, the low solubility of Sn in Ge and other 
process difficulties have determined that devices using this material has not been 
practically realised. 
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Fig. 1.5: Intel's 50 Gbit/s silicon photonics transmit module. 
For the BEOL, there has been an increasing attention given to photons, instead of 
electrons for communication between systems, from board to board, from chip to chip 
and even between devices within chips. As electrons are fermions with a negative 
charge, they are constrained by the Pauli Exclusion Principle and are deflected by an 
electromagnetic field. Transmission using electrons through metal wires therefore has 
some restrictions as mentioned in the previous section. On the contrary, photons, which 
are bosons without any charge, do not normally interact with electromagnetic radiation 
and a single medium such as an optical fibre can carry (in principle) an infinite number 
of photons. Optical communication therefore offers high bandwidth, low attenuation, 
low volume and the speed of light. For example, Intel’s Photonics Technology Labs has 
successfully demonstrated the first end-to-end silicon photonic link operated at 
50 𝐺𝑏𝑖𝑡 𝑠−1 over a single fibre (Fig. 1.5) [17]. This structure was realised by bonding a 
layer of indium phosphide (InP), a direct bandgap material, to a silicon photonic chip. 
Despite this success, large scale implementation of this method is challenging because 
InP is not structurally compatible with silicon. Alternatively, it is much more 
straightforward to integrate a Ge-Sn alloy to a silicon circuit as these materials have the 
same crystal structure. At a certain Sn concentration the alloy is a direct bandgap 
material with the ability for photon emission, which makes the Ge-Sn alloy a promising 
material for optical interconnection [18,19].   
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1.2.2 Indirect-direct bandgap transition of Ge-Sn alloys 
The reason for the attractive properties of Ge-Sn alloys can be explained with the 
electronic band structure of Ge and α-Sn. Both are group IV elements like Si. Fig. 1.6 
demonstrates a calculated band structure of pristine Ge [20]. The maximum of the 
valence band is at the Γ valley, whereas the minimum of the conduction band is at the 𝐿 
valley. This property makes Ge an indirect bandgap semiconductor whose bandgap is 
about 0.66 𝑒𝑉. Noticeably, the Γ valley of the conduction band is only ~0.14 𝑒𝑉 above 
the 𝐿 valley. Bandgap modification is therefore possible to make the Γ valley lower than 
the 𝐿 valley. In other words, such modified Ge can be a direct bandgap semiconductor.  
 
Fig. 1.6: Calculated band structure of bulk Si, Ge and 𝜶-Sn [20]. The maximum of the 
valence band and the minimum of the conduction band are indicated by the blue and red 
dashed lines respectively. 
The modification of bandgap can be achieved by either introducing a biaxial tensile 
strain parallel to the surface of a (100) Ge substrate, or alloying Ge with 𝛼-Sn. The 
latter method is the main focus of our study. The desirable effect of introducing Sn is 
partly based on a suitable band structure of 𝛼-Sn which also has a diamond cubic 
structure and hence a favourable band structure for the alloy. 𝛼-Sn is a semimetal with 
the valence band and the conduction band bending upwards and downwards 
respectively at the Γ valley. Since the conduction band is 0.41 𝑒𝑉 lower than the 
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valence band, 𝛼-Sn has an inverted negative bandgap. Details about the bandgap of Si, 
Ge and 𝛼-Sn are listed in Table 1. 
Table 1: Band gaps (eV) at various positions in k-space for Si, Ge and α-Sn at 0K [21]. 
 Si Ge 𝛼-Sn 
𝐸𝑔/Γ 3.3 0.892 -0.408 
𝐸𝑔/L 2.0 0.744 0.120 
𝐸𝑔/X 1.2 0.901 0.910 
 
According to Vegard’s law for calculating the bandgap of a binary alloy, the bandgap 
𝐸𝑔/Γ and 𝐸𝑔/𝐿 of a Ge(1-x)Snx alloy at the Γ and the 𝐿 valley can be found from the Ge 
and Sn bandgaps, and would be: 
 𝐸𝑔/Γ
𝐺𝑒−𝑆𝑛 = 𝐸𝑔/Γ
𝐺𝑒 ∙ (1 − 𝑥) + 𝐸𝑔/Γ
𝑆𝑛 ∙ (𝑥) (3) 
 𝐸𝑔/L
𝐺𝑒−𝑆𝑛 = 𝐸𝑔/L
𝐺𝑒 ∙ (1 − 𝑥) + 𝐸𝑔/L
𝑆𝑛 ∙ (𝑥) (4) 
Subtracting Eq. 4 from Eq. 3 and inserting values for 𝐸𝑔/L
𝐺𝑒 , 𝐸𝑔/L
𝑆𝑛 , 𝐸𝑔/Γ
𝐺𝑒  and 𝐸𝑔/Γ
𝑆𝑛  from 
Table 1 gives:  
 ⇒ 𝐸𝑔/Γ
𝐺𝑒−𝑆𝑛 − 𝐸𝑔/L
𝐺𝑒−𝑆𝑛 = 0.148 − 0.676 ∙ (𝑥) (5) 
Therefore, the bandgap at the Γ valley 𝐸𝑔/Γ
𝐺𝑒−𝑆𝑛 will be lower than the bandgap at the 𝐿 
valley at a Sn concentration of ~22 𝑎𝑡. % and the Ge-Sn alloy will become a truly 
direct bandgap semiconductor with a calculated bandgap of ~0.61 𝑒𝑉 according to Eq. 
3. However, the relationship for the alloy’s bandgap does not only depend linearly on 
the atomic proportion of the constituent elements as shown in the Eq. 3 and Eq. 4. 
Another constant, the bowing factor 𝑏, is also contributing to the determination of the 
bandgap. Therefore, the necessary Sn concentration for the transition from indirect to 
direct bandgap varies widely among different studies from 6.3 𝑎𝑡. % to > 20 𝑎𝑡. % 
[14,20,22-26] due to the calculated variation of the bowing factor 𝑏. 
One of the earliest calculation studies on the band structure of the Ge-Sn alloys is from 
Jenkins et al. in which the authors employed a virtual-crystal-approximation and a 
second-nearest-neighbor tight binding model to predict that the transition to direct band 
gap occurs at a Sn concentration of ~20 𝑎𝑡. %. More recent studies predict a 
significantly lower Sn concentration. For example, by using the nonlocal empirical 
pseudopotential method, Gupta et al.[23] has developed a model to determine the 
electronic structure of the Ge-Sn alloy as well as the effect of mechanical strain on this 
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electronic structure. Fig. 1.7 illustrates the dependence of the indirect-direct bandgap 
transition on the substitutional Sn concentration and the biaxial strain in the lattice.  
As shown in Fig. 1.7, for a fully relaxed (unstrained) Ge-Sn alloy a Sn concentration of 
6.5 𝑎𝑡. % is necessary for Ge to become a direct bandgap semiconductor. This result is 
much more encouraging than the value obtained by the linear Vegard’s law (Eq. 5). 
However, the Sn concentration required for the transition will increase with increasing 
compressive strain in the lattice, which often occurs in Ge-Sn alloys epitaxially grown 
on a Ge substrate. Experimentally, a direct bandgap Ge-Sn alloy has been demonstrated 
with a Sn concentration of ~12 𝑎𝑡. % [27].  
 
Fig. 1.7: The dependence of the indirect-direct bandgap transition on the Sn concentration 
and the in-plane biaxial strain [23]. 
The bandgap tuning during alloying leads to two most intriguing properties of Ge-Sn 
alloys: a significant increase of carrier mobility (electrons and holes) and the ability for 
photon emission. In conjunction with the high compatibility with current silicon 
technology as a group IV material, these two properties of the Ge-Sn alloy make it a 
very promising material for future electronic and photonic devices as mentioned in 
section 1.2.1. 
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1.3 Current research on Ge-Sn alloys 
1.3.1 Challenges in synthesis of the Ge-Sn alloys  
Despite having extremely attractive properties, fabricating a Ge-Sn alloy with a quality 
suitable for device applications is challenging for several reasons. The first and most 
important issue is the low solid solubility of Sn in Ge. In 1984, Olesinski and 
Abbaschian reviewed many studies on the Ge-Sn system and constructed an equilibrium 
phase diagram of the alloy as shown in Fig. 1.8. Three stable phases that can be formed 
between Sn and Ge under equilibrium conditions are: (1) the liquid phase at a 
temperature beyond 938.3 ℃ , (2) the solid solution of α-Sn in Ge (Ge), and (3) the 
solid solution of Ge in 𝛽-Sn, which has tetragonal structure and is not favourable in our 
study. According to this figure, the maximum solid solubility of Sn in Ge is 1.1 𝑎𝑡. % at 
a temperature of 400 ℃. Since the (Ge) phase has a retrograde solubility characteristic, 
the solid solubility of Sn in Ge reduces as the temperature is lowered, such as < 1 𝑎𝑡. % 
at the eutectic temperature of 231.1 ℃ and 0.52 𝑎𝑡. % at room temperature. As in Ref. 
[23], the lowest Sn concentration for the direct bandgap transition in a fully relaxed Ge-
Sn sample is 6.5 𝑎𝑡. %, which is more than an order of magnitude larger than the 
equilibrium solubility. Therefore, a metastable Ge-Sn alloy is difficult to achieve and 
has to be prepared by a growth technique that is far-from-equilibrium conditions.  
Secondly, to remain a technologically relevant material, the Ge-Sn alloy has to be 
epitaxially grown on a Ge substrate or a Ge-on-Si substrate. However, there is a large 
discrepancy between the lattice constants of the Ge-Sn alloy and the Ge substrate. The 
lattice constants (𝑎) of diamond cubic 𝛼 −Sn and Ge are 6.493 Å and 5.658 Å, 
respectively. According to Vegard’s law, lattice constants of the Ge1-xSnx alloys can be 
calculated as: 𝑎𝐺𝑒−𝑆𝑛 = (1 − 𝑥) ∙ 5.658 + (𝑥) ∙ 6.493 = 5.658 + 0.835 ∙ (𝑥). For a 
thin alloy layer of 10 𝑎𝑡.  % 𝑆𝑛 grown epitaxially on a Ge lattice, a compressive strain 
is grown into the Ge-Sn lattice of (0.835 ∙ 10 %)/5.658 = 1.48%. As in section 1.2.2 
(and Fig. 1.7), this large amount of compressive strain increases the Sn concentration 
required for the direct band gap transition. Additionally, when the thickness of the Ge-
Sn layer reaches a threshold value [28] for a particular Sn concentration, this excessive 
compressive strain may cause the layer to relax to its equilibrium lattice spacing, thus 
introducing extended defects into the lattice to reduce the strain. In addition, such 
defective growth can change the growth process of the layer to reduce the Sn 
concentration that can be accommodated into the lattice.  
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Fig. 1.8: Phase diagram of the Ge-Sn system under equilibrium conditions [29]. 
1.3.2 Synthesis techniques for the Ge-Sn alloys 
Although the solubility of Sn in Ge under equilibrium conditions is as low as 
0.52 𝑎𝑡.  % at room temperature, metastable phases of crystalline Ge-Sn alloy can still 
be grown pseudo-morphically on Ge or Ge-on-Si substrates. Various techniques that 
provide non-equilibrium conditions have been used for the growth of the alloys such as 
molecular beam epitaxy [30-32], solid phase epitaxy [33], sputter deposition [34], 
pulsed laser deposition and chemical vapour deposition [27,35,36]. Following is a brief 
visit to the development history of the subject. 
In 1982, Goodman et al. first suggested the possibility of a direct bandgap Ge-Sn alloy 
after inspecting the band structure of Ge and 𝛼-Sn [37]. One year later, the first 
experimental attempt at producing the alloy was carried out by Oguz et al. using radio-
frequency sputtering followed by UV excimer laser irradiation [38]. A microcrystalline 
film of Ge-Sn with a Sn concentration of 22 𝑎𝑡.  % was achieved on glass and other 
semiconducting crystalline substrates. However, X-ray diffraction data indicated a 𝛽-Sn 
phase which is associated with Sn segregation and precipitation. In 1987, by using bias-
sputter deposition Shah et al. were the first to produce a monocrystalline Ge-Sn alloy 
with 8 𝑎𝑡.  % 𝑆𝑛 on (100) Ge and (100) GaAs substrates [34]. The key factor for this 
success was the use of low-energy (~180 𝑒𝑉) ion bombardment to provide a collisional 
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mixing within the near-surface region of the growing film, hence preventing the surface 
segregation of Sn. In 1997, the first result suggesting a direct band gap transition was 
reported by He and Atwater [30]. The surface segregation in the film was minimised by 
employing molecular beam epitaxy (MBE) at low temperature as well as with the 
assistance of an Ar
+
 ion beam at energies of 30 − 100 𝑒𝑉 [39]. The energy of the inert 
ion beam was low enough to prevent surface segregation through collisional mixing 
while avoiding excessive ion damage to the bulk crystal. A Sn composition of 34 𝑎𝑡. % 
was achieved. Absorption coefficient from an optical transmittance measurement 
indicated that the sample had a fundamental direct bandgap at the Sn concentration of 
15 𝑎𝑡.  %. However, the quality of the thin film alloys in these studies appeared to be 
questionable and no test devices were fabricated. 
Until 2000, MBE was the most commonly used technique for Ge-Sn production. 
Chemical vapour deposition (CVD) was not accessible at the time due to the lack of a 
stable Sn-hydride precursor at room temperature. The bonding energy of Sn-H (251 𝑘𝐽/
𝑚𝑜𝑙) is lower than the bonding energy of Si-H (318 𝑘𝐽/𝑚𝑜𝑙) and Ge-H (288 𝑘𝐽/𝑚𝑜𝑙), 
which are the common hydrides used in the CVD of Si/Ge based compounds [21]. In 
2002, the group of Kouvetakis and Menendez published the first CVD-grown 
monocrystalline Ge-Sn alloy by using a deuterium stabilised Sn precursor (Ph)SnD3 
(Ph: phenyl, D: deuterium) [40]. Deuterium increases the kinetic stability of the 
molecules and has been used previously to stabilise antimony and gallium hydrides for 
metalorganic CVD. (Ph)SnD3 decomposes at 250 ℃ under ultrahigh vacuum to form 
pure Sn. For the Ge constituent, digermane (Ge2H6) was used as a precursor. In 2010, 
the first photoluminescence measurement from a bulk Ge-Sn alloy was conducted [41]. 
In 2016, room temperature stimulated emission has been also demonstrated [42]. More 
recently, advances in the chemistry of the precursors has enabled a higher growth rate of 
the alloy and the Ge/Sn ratio in the alloy was found to relate to the gas phase 
stoichiometry more closely. The combination of trigermane (Ge3H8) (replacing 
digermane) and SnD4 has increased the growth rate by a factor of 3 – 4 [43]. The 
achieved Sn concentration is up to 9 𝑎𝑡. % and the film thickness can approach 1 𝜇𝑚.  
Although deuterium significantly improved the stability of the Sn based precursors, tin 
deuteride (SnD4) still has a very short lifetime at room temperature. It has been shown 
that a gaseous mixture of hydrogen and only 1 % SnD4 is stable in an aluminium 
cylinder for only 6 days [44]. Once the compound decomposes into Sn, the metal is 
deposited on the cylinder wall, and the decomposition rate speeds up because of the Sn 
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metal as a catalyst. It is believed that the cylinder material plays an important role in the 
stability of the chemical species. Improvements in coating material on the cylinder have 
increased the lifetime of the mixtures significantly. OTS (octadecyltrichlorosilane) and 
Quercetin coatings can increase the lifetime of SnD4 to 234 days and 255 days, 
respectively. However, neither of the coatings is effective at higher SnD4 concentration 
in H2 or at higher storage pressure. For example, a 4% SnD4 mixture lasts only 16  and 
5 days in Quercetin at the pressure of 50 psi and 150 𝑝𝑠𝑖, respectively. At liquid 
nitrogen temperature, SnD4 can stay for much longer. It is also commercially available 
currently. However, the chemical needs to be shipped and store at very low temperature. 
Besides being a very toxic and flammable chemical (NFPA 704 rating: health 4/4, fire 
4/4) [45], the difficulty in handling and storage of SnD4 can largely limit its use in both 
industry and research environments.   
Alternatively, Vincent 𝑒𝑡 𝑎𝑙. were the first to propose tin (IV) chloride SnCl4 as a 
precursor for the Sn source [46]. The main advantage of SnCl4 is its superior stability as 
compared to SnH4. The chemical is also a lot easier to handle because it is a liquid at 
room temperature. Moreover, it is commercially available and commonly used in the 
glass industry for SnO2 coatings [21]. The chemical is evaporated by a vapour station 
connected to the CVD reactor. A 40 𝑛𝑚 defect-free Ge-Sn alloy with Sn concentration 
of 8 𝑎𝑡. % has been realised by this method, which was then adopted by other groups. 
One of the most noticeable results in the Ge-Sn study is the demonstration of the first 
optically pumped laser from a Ge-Sn film on a Si substrate [27]. By using Ge2H6 and 
SnCl4 and a vertical reactor with showerhead technology, Wirths et al. have been able to 
produce a 560 𝑛𝑚 thick film with up to 12.6 𝑎𝑡.  % 𝑆𝑛. Fabry-Perot cavities fabricated 
from the partially strained Ge-Sn layer showed Fabry-Perot oscillations when excited by 
a pump laser at ~500 𝑘𝑊/𝑐𝑚2. This experimental result demonstrated that the Ge-Sn 
alloy at a sufficient Sn concentration is a fundamental direct band gap material. 
However, with the use of tin chloride there are concerns about the contamination of 
chlorine in the Ge-Sn layer [47]. By-products after the reactions of SnCl4 and Ge2H6 
include chlorine and HCl which subsequently etches and contaminates the Ge-Sn film 
[48]. However, no clear evidence of such contamination has so far been reported in the 
literature.   
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1.3.3 Ion beam synthesis 
In our study to fabricate a Ge-Sn alloy, we use the technique of ion beam synthesis to 
achieve a Ge material with high Sn concentration and good crystallinity. The growth 
procedure uses the non-equilibrium method of ion implantation to inject an impurity 
into host materials followed by a non-equilibrium regrowth process, such as rapid 
thermal annealing or pulsed laser melting (PLM). PLM is used in our study because it 
often produces a significantly higher solubility of the impurity. The process is 
conceptually illustrated in Fig. 1.9. The process starts with a crystalline substrate 
implanted with impurity ions at a determined energy and dose. Due to multiple collision 
cascades induced by the energetic ion beam, the crystalline substrate becomes 
amorphous with a certain thickness, depending on the energy of the implant. 
Subsequently, a single nanosecond laser pulse irradiates and melts the sample surface in 
a time scale of tens of nanoseconds. Due to the short time frame of the laser pulse, all of 
the laser energy is absorbed mostly within the amorphous layer, and the substrate is still 
largely at ambient temperature. The liquid phase is quickly solidified due to the large 
thermal difference between the substrate and the melt. During this resolidification 
process, the implanted and the host atoms epitaxially reconstruct from the template of 
the underlying crystalline substrate to form a monocrystalline alloy. 
The solidification velocity of the liquid phase is in the order of 2 𝑚/𝑠, outpacing the 
diffusivity of most impurities in the liquid phase. Therefore, ion beam synthesis 
provides far-from-equilibrium conditions for the synthesis of various alloys and doping 
processes. For example, ion beam synthesis and PLM have achieved dopant 
concentrations in Si orders of magnitude higher than the equilibrium limit, such as for 
In (200 times) or Bi (500 times) [49]. 
 
Fig. 1.9: Illustration of the working principle of the ion beam synthesis method (adapted 
from [50]) 
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Research on the Ge – Sn alloy by ion beam synthesis began only a few years ago with 
the first report in 2012. Bhatia et al. carried out the ion implantation of Sn at an energy 
of 150 𝑘𝑒𝑉 and a dose of 3 ∙ 1016 𝑐𝑚−2. As shown in Fig. 1.10, Rutherford 
backscattering spectrometry (RBS) of the samples after PLM (KrF laser, 𝜆 = 248 𝑛𝑚, 
pulse width ≈ 25 𝑛𝑠, laser fluence = 0.3 𝐽/𝑐𝑚2) under random and channelling 
configuration parallel to the [100] axis, show that the implanted Sn concentration is 
about 2 𝑎𝑡. %. However, the channelling yield of 100% as compared to the random 
yield of the Sn peak indicates that none of the Sn atoms are substitutional in the Ge 
lattice. The high scattering yield of the Ge peak also shows that the Ge crystal is still 
largely disordered, which is also observed in the cross-sectional SEM micrograph (Fig. 
1.10(b)) as severe surface roughness. The crystal quality of this material is certainly not 
suitable for further application.  
 
Fig. 1.10: Rutherford back scattering spectra (a) and cross-sectional SEM of the Ge-Sn 
layer after PLM [51]. 
In 2014, an improvement of the crystal quality was reported by Gao et al., in which 
materials with a Sn concentration from 0.5 − 1.5 𝑎𝑡. % were shown to have 
substitutionality of 85 − 95 % by RBS [52]. X-ray diffraction 𝜔 − 2𝜃 scans showed an 
additional peak shifting towards a lower angle of 2𝜃. This indicates a lattice expansion 
of the Ge-Sn layer normal to the surface as expected due to the incorporation of the Sn 
atoms with a larger atomic diameter into a Ge substrate. However, again the crystal 
quality of these layers was not acceptable for device applications and a Sn concentration 
of up to 1.5 𝑎𝑡. % is too low for a direct bandgap alloy. It is worth noting that the 
implants in both of these previous reports were done at room temperature. It will be 
clarified later in this thesis that the morphology of the as-implanted Ge sample strongly 
depends on the implant dose and a distinctly porous structure occurs at Sn doses that are 
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needed for any useful alloys. Partly as a result of such effects, these previous studies 
were not able to demonstrate ion beam synthesis as a viable technique to produce Ge-Sn 
alloys at the quality required for electronic and photonic applications.  
In summary, Ge-Sn alloys have been demonstrated in theory and in experiments to have 
invaluable properties for electronic and photonic applications. While the currently most 
used method, CVD, has some obstacles with the severe instability of precursors and 
with the growth process, ion beam synthesis can potentially provide significant 
advantages of process robustness, cost effectiveness and industrial relevance. Although 
research on ion beam synthesis of Ge-Sn alloys has recently presented some difficulties, 
it is worth investing effort in more details study to understand and then improve the 
process. Hence, such is the motivation of this PhD research work.  
1.3.4 Structure of the thesis 
The structure of the thesis includes the following chapters: 
Chapter 1: Key milestones in the research of the Ge-Sn alloy were introduced from 
theoretical calculation to experimental demonstration. The two most commonly used 
techniques in experimental works include MBE and CVD were presented in particular. 
The latter part of the chapter introduced ion beam synthesis which is the method studied 
in this work. 
Chapter 2: Details of the fabrication and characterisation methods will be presented 
consecutively. The fabrication method includes ion implantation and pulsed laser 
melting, in which both the concepts and the instruments to realise these concepts are 
presented. The characterisation methods include physical property characterisation by 
RBS, XRD, Raman spectroscopy, electron microscopy (SEM, TEM), and optical 
property characterisation: spectroscopic ellipsometry and photoluminescence. A 
preliminary example of ion beam synthesis will be presented at the end of this chapter. 
Chapter 3: The first successful demonstration of the ion beam synthesis of the Ge-Sn 
alloy will be presented in this chapter. By doing the implantation at liquid nitrogen 
temperature, a monocrystalline Ge-Sn alloy of 6 𝑎𝑡. %𝑆𝑛 was realised following PLM. 
RBS, XRD, Raman spectroscopy and electron microscopy show the material has 
excellent crystal quality at an implant dose of < 1.7 ∙ 1016 𝑐𝑚−2. For a dose of 
> 2 ∙ 1016 𝑐𝑚−2, ion-beam-induced porosity starts to occur, which cannot be removed 
by PLM and remains as localised crystal damage on the surface. Spectroscopic 
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ellipsometry of all samples shows a clear trend towards the direct bandgap transition as 
a consequence of the incorporation of Sn in the Ge lattice.  
Chapter 4: The suppression of ion-beam induced porosity using a nanometer scale 
capping layer will be presented in this chapter. Side-by-side comparisons between 
samples with and without a capping layer are characterised by RBS, stylus profilometry, 
and electron microscopy. These data show the capping layer can completely eliminate 
the porosity formation on the sample surface. A Sn attainment of 15 𝑎𝑡. % is achieved 
for thin ~60 𝑛𝑚 alloy on a Ge substrate. More extensive experiments to examine the 
effectiveness of the capping layer will also be presented in this chapter.  
Chapter 5: Following PLM, detailed characterisation of the highly Sn-concentrated 
alloys obtained in chapter 4 will be presented in this chapter. The crystal quality of the 
alloy is examined by RBS, Raman spectroscopy, XRD and TEM. An issue of ion 
induced intermixing related to the silicon dioxide capping layer, which hampers the 
crystallisation of the material is studied. Further experiments with the oxygen 
intermixing layer removed by RIE were conducted to clarify the effect of the oxygen 
contamination. Finally, the material is tested under high temperature annealing to 
examine the thermal stability of the material.  
Chapter 6: A possible pathway for synthesis of strain-relaxed Ge-Sn alloys is presented 
in this chapter. The implant in this chapter is conducted at higher implant energy of 
350 𝑘𝑒𝑉. XRD-reciprocal space mapping shows the Ge-Sn layer has high degree of 
strain relaxation, which is important for the transition to direct bandgap material. Sn 
concentration is estimated from the Raman spectroscopy data to be from 6 −
9 𝑎𝑡. % 𝑆𝑛. Photoluminescence study shows a PL emission at a wavelength of 2150 𝑛𝑚 
thanks to the strain relaxation. However, non-equilibrium defects occur in the samples 
and reduce the crystal quality. Some methods are proposed at the end of the chapter to 
tackle these defects. 
Chapter 7: Conclusion       
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2 
Fabrication and Characterisation Techniques 
2 Fabrication and Characterisation Techniques 
2.1 Fabrication Techniques 
2.1.1 Ion Implantation 
As mentioned in chapter 1, ion implantation is one of the two major techniques used for 
the synthesis of Ge-Sn alloys. Conventionally, ion implantation is used in the 
fabrication of electronic devices, particularly in the doping process that utilises donor 
and acceptor elements to modify electronic properties of the materials. In smaller 
applications, the technique can also be used to improve wear resistance, corrosive 
resistance of the material surface or to slice wafers in the fabrication of silicon-on-
insulator substrates (smart cut). Beside the precise control of the spatial distribution of 
the impurities, another valuable characteristic of ion implantation is the independence 
on thermodynamics between the implanted ions and the substrates. Far-from-
equilibrium processes are possible by this technique.   
In general, an ion implanter includes these main parts: an ion source, an ion accelerating 
section, a magnetic mass separator, a beam scanner and a target chamber as shown in 
Fig. 2.1. Incident ions, which usually include positive particles, negative particles, 
charged molecules or neutral particles, are generated by the ion source. The main 
accelerating process of the ions is enabled by the accelerator that provides the required 
electrostatic energy to the ions for transmission along the beamline. The mix of particles 
with different charge states and mass then go through an electrically controlled magnet. 
Due to the Lorentz force induced by the magnet on the moving charged particles, each 
particle mass and/or charge state will be bent at a different angle. Only the desired ions 
are steered along the beam line by applying the required current on the magnet. To 
ensure an uniform distribution of the implanted ions over the sample surface, an X-Y 
raster scanner comprised of two pairs of metal plates deflects the beam at frequencies of 
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around 300 𝐻𝑧 and 10 𝐻𝑧, respectively.  The whole beam path is usually kept at very 
low vacuum of the order of 1 ∙ 10−8 𝑇𝑜𝑟𝑟 to provide good transmission for the ion 
beam and minimise neutralisation of transmitted ions. With the above concept, ion 
implantation is able to introduce most of the elements in the periodic table with ultimate 
precision of depth, excellent uniformity and the highest purity as compared to other 
fabrication techniques.  
 
Fig. 2.1: Schematic structure of an ion implantation system, including an ion source, an 
accelerator, a magnetic mass separator, a X-Y scanner and a target chamber [53].  
In our research, the ion implantation process was conducted on either the low energy 
implanter (10 − 140 𝑘𝑉) or the high energy implanter (50 − 2,000 𝑘𝑉) at the 
department of Electronic Materials Engineering, Australian National University. The 
ion source of both systems is the Negative Ions by Cesium Sputtering (SNICS II) of 
National Electrostatics Corporation. The operational principle of this ion generator is 
illustrated in Fig. 2.2. Cesium (Cs), which has a low melting point of 29 ℃, is 
evaporated into the source chamber by heating the Cs reseviour from 50 ℃ to 120 ℃, 
depending on the required beam current. A fraction of the Cs vapour is ionised into Cs
+
 
by an ioniser operated up to 1,100 ℃. A copper (Cu) crucible containing the necessary 
material is fitted onto the crucible holder, to which is applied a negative voltage of 
~ − 5 𝑘𝑉. Therefore, the Cs+ ions are accelerated towards the cathode and sputter the 
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materials out of the Cu crucible, including negatively charged, positively charged and 
neutral particles. Because Cs has relatively low electron affinity (0.47 𝑒𝑉), the two 
latter types of particle will also be given electrons from the Cs vapour to become 
negative ions. Those negative ions are then further accelerated within the accelerator 
section of the implanter.  
 
Fig. 2.2: Principle of operation of a SNICS negative ion generator, National Electrostatic 
Corporation [54]. 
The accelerating section of the high energy implanter at ANU is a 1.7 𝑀𝑉 tandem 
pelletron accelerator. The electrical potential of the accelerator is built up by four chains 
of metal pellets connected by insulating materials as shown in Fig. 2.3. At one end, the 
pellets are positively charged by a negatively charged inductor. The pellets are 
transported to the other end by a motor and give the terminal a net positive charge (VT). 
The same process occurs when the pellets travel back to the starting point but the sign of 
charge is reversed, hence doubling the charging capacity of the pellet chain. The amount 
of charge is automatically controlled and stabilised by a generating voltmeter (GVM). 
To prevent the surrounding environment from the large electrostatic potential, the whole 
accelerating system is contained in a tank filled with sulphur hexafluoride (SF6) gas 
which has much higher dielectric strength than air or dry nitrogen. This is to prevent the 
surrounding environment from being ionised and cause sparks. Because the terminal has 
a positive potential, the negative ions from the source are accelerated by the voltage VT. 
At the terminal nitrogen, as a stripper gas, is introduced to remove some electrons from 
the transmitted ions and turn them into positive ions, which are then further accelerated 
by VT to ground potential at the end of the acceleration. In total, the amount of 
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electrostatic energy attained by a singly charged ion from the source to the sample will 
be: 𝐸𝑡 = 𝑒(𝑉𝑖 + 2 ∙ 𝑉𝑇), where 𝑉𝑖 is the total injection potential induced by the cathode 
voltage (5 − 10 𝑘𝑉), the extractor voltage (5 − 15 𝑘𝑉) and the bias voltage (up to 
120 𝑘𝑉).  In summary, the highest attainable energy of a singly charged ion is >
3.4 𝑀𝑒𝑉 and can be even higher for a multiply charged ion.  
 
Fig. 2.3: Working principle of one chain of a pelletron accelerator [55]. The ANU ion 
implanter is equipped with four chains of pellets.   
The final part of the implanter is the implant chamber where a sample holder is 
contained. There are three different types of holders: for liquid nitrogen temperature 
implants, for elevated temperature implants and for room temperature implants. In our 
study, only the liquid nitrogen temperature holder was used because the Ge samples 
need to be kept at low temperature to reduce porosity in Ge induced by the heavy ion 
bombardment. In addition, equipped within the chamber is a suppressor setup to which 
is applied a positive voltage of 100 𝑘𝑉 in order to inhibit secondary electron emission 
from the samples and the holder. The emission of the secondary electrons will add an 
undesired target current measured by the dosimeter; hence the target current introduced 
by the ion beam will be measured incorrectly.    
2.1.2 Stopping and Range of Ions in Matter program 
Simulation on ion penetration has played a helpful role during the course of our study; 
hence it is worth mentioning in this report. The simulation of the implant process was 
conducted by the Stopping and Range of Ions in Matter program (SRIM), which is 
extensively used by the ion implantation research and technology community.  The 
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Monte Carlo simulation method of the program is achieved by the binary collision 
approximation, in which each ion travelling through a substrate is approximated to have 
a series of independent binary collisions with the atoms of the substrate. Fig. 2.4 is an 
example of a SRIM simulation. The program is able to predict the ion distribution and 
thickness of damaged and amorphous regions. This information is necessary in the first 
instance for planning prior to the actual implantation. Furthermore, in our study the 
“Detailed Calculation with Full Damage Cascades” mode of the program is also helpful 
in providing the distribution of vacancies in amorphous/porous Ge study (see chapter 4), 
the sputtering yield and the effect of a capping layer in reducing sputtering as well as 
the intermixing of oxygen from a SiO2 capping layer into the substrate.  
Nevertheless, the use of SRIM should take note of some of its limitations. SRIM does 
not take into account the crystallinity of the samples, nor the dynamic annealing 
processes during the implant, which are both important in our study of crystalline Ge. 
For the former, although the (100) Ge substrates were deliberately misoriented about 7° 
off the [100] axis to prevent channelling, a small proportion of the ion beam still 
channels along some crystal axes and planes. As a result, the real implant profiles are 
usually broader than the profile calculated by SRIM that assumes the substrate is 
perfectly disordered/amorphous. For the latter, dynamic annealing and recombination is 
a significant effect that can change the amount of damage following implantation, 
particularly at room temperature or elevated temperature. Dynamic annealing can cause 
vacancies and interstitials generated within the collision cascade to migrate, annihilate 
and cluster into more complex defects. Consequently, defect annihilation can cause the 
real vacancy concentration to be significantly lower than the data suggested by SRIM 
and the amorphous threshold dose will be temperature dependent. It is also impossible 
for SRIM to predict the formation of porosity in Ge, which is believed to be due to the 
agglomeration of relatively mobile vacancies.  
In Table 2, all implant parameters of this study are listed. The parameters include the 
energy, the doses and the substrate temperature of the implants. The use of a capping 
SiO2 layer is also indicated. Lastly the Sn concentration is listed as determined by the 
RBS techniques. 
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Fig. 2.4, upper figure: Display window of a SRIM simulation process. The green dots are 
the Ge atoms of the substrates displaced by 350 𝑘𝑒𝑉 Sn ions. Lower figure: Sn distribution 
in Ge of a 100 𝑘𝑒𝑉 implant. 
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Table 2: Implant parameters and corresponding Sn concentration as measured by RBS. 
Chapter 
Implant 
SiO2 capping 
layer 
%Sn determined 
by RBS [𝑎𝑡. %] 
Energy 
[𝐾𝑒𝑉] 
Dose 
[∙ 1016 𝑐𝑚−2] 
Substrate 
temperature [℃] 
III 100 
1.3 
−197 Without cap 
4.3 
1.5 4.6 
1.7 4.8 
1.9 6 
2.1 6.6 
IV 120 
2.5 
−197 With/without 
cap 
7.5 
3.0 9.4 
3.5 11 
4.0 13 
4.5 15 
5.0 3.5 
0.5 − 2.0 −197/−50/𝑅𝑇 - 
V 120 
2.5 
-197 With cap 
7.5 
3.0 9.4 
3.5 11 
4.0 13 
4.5 15 
VI 
120 
2 
-197 With cap 
6.5 
3 9 
4 12.5 
350 
3 4 
4 5 
5 6 
6 8.5 
6.8 9.5 
 
2.1.3 Pulsed laser melting and resolidification (PLM) 
After implantation, recrystallisation is done by pulse laser melting and resolidification. 
Due to a short duration of a laser pulse of several nanoseconds, most pulse energy is 
absorbed within a very shallow depth of the surface and melts this layer. The large 
thermal difference between the melt and the substrate, which is still at ambient 
temperature, quickly resolidify the melt within tens of nanoseconds and trap the 
impurity preferentially in the substrate lattice. The solidification velocity of the melt is 
calculated to be several meters per second, outpacing the diffusion rate of impurities in 
liquid phase. Therefore, PLM is a non-equilibrium regrowth method.  
In our study, PLM was mostly done by our collaborators at Harvard University and in 
the later stage of the work at Benet Labs, New York. A schematic setup of the PLM 
system at Harvard University is presented in Fig. 2.5. Laser source of the system is a 
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frequency tripled Nd:YAG laser having a wavelength of 355 𝑛𝑚 and pulse duration of 
9 𝑛𝑠. The maximum laser fluence in a pulse is 0.75 𝐽/𝑐𝑚2. This fluence is sufficient for 
our requirement because according to our results (not shown) beyond 0.7 𝐽/𝑐𝑚2 surface 
ablation starts to occur on the Ge substrate. A set of neutral density filters is used to 
adjust laser fluence from 0.1 − 0.7 𝐽/𝑐𝑚2. Optimal laser fluence is important because it 
need to be sufficient to melt up to a certain depth of the amorphous layer but excessive 
laser fluence can change the impurity profile and may also cause surface ablation. The 
most uniform region of this primary laser beam is passed through a square aperture with 
the dimension of 4 𝑚𝑚 ∙ 4 𝑚𝑚, which is therefore also the dimension of the PLM spots 
on the substrate. This section presents an experiment to find the optimal laser fluence 
for 120 𝑘𝑒𝑉, 250 𝑘𝑒𝑉, 350 𝑘𝑒𝑉 and 450 𝑘𝑒𝑉 implants.  
Another laser source in the PLM system is a Ar-He laser with a wavelength of 488 𝑛𝑚. 
This setup is called time-resolved reflectivity (TRR), which is to monitor the reflectivity 
of the sample surface in a very short timescale, such as nanoseconds. Laser source of 
the TRR is directed onto the sample surface through a set of incident optics such as 
mirror, polarizer and lens. Liquid phase Si or Ge has higher reflectivity than solid phase. 
Therefore, when the sample is melted, the probing laser is reflected towards a mirror 
and then a photodiode, by which a time-resolved reflection of the sample surface is 
recorded. This information acquired from the TRR is an important monitoring 
parameter in PLM. For example, laser fluence and melt depth are both related to melt 
duration as shown in Fig. 2.6. Therefore, a proper laser fluence can be indirectly 
determined from melt duration obtained by TRR. Abnormality in the TRR diagram is 
also an indication of improper PLM process.  
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Fig. 2.5: Schematic setup of the pulsed laser melting system. 
 
Fig. 2.6: Time-resolved reflectivity data of a bare Ge substrate laser-melted at different 
laser fluences. 
 
Suppression of ion-implantation induced porosity in germanium 
 
28 
 
  
2.2 Characterisation Techniques 
2.2.1 Physical property characterisation 
2.2.1.1 Rutherford backscattering spectrometry 
The study of the synthesis of Ge-Sn alloys requires the determination of the 
concentration of Sn, the thickness of the Ge-Sn layer and the disorder/crystallinity of the 
alloy layers. This information is necessary at every stage of the fabrication process, such 
as: after implantation, after PLM and after post-PLM thermal annealing. Rutherford 
backscattering spectrometry (RBS) is perhaps the most powerful method to acquire all 
of this information. Some of its advantages include: it is largely a non-destructive 
method, it provides quantitative determination of all elements in the sample 
simultaneously, it has relatively good depth resolution (typically ≤ 10 𝑛𝑚), very short 
measurement time (in the order of minutes), as well as concentration sensitivity in the 
order of 100 𝑝𝑝𝑚 for heavy elements. Therefore, RBS was used extensively throughout 
this study.   
 
Fig. 2.7: Illustration of an elastic collision between a projectile and the target atom. 
Parameters in the figure are used to express the kinematic factors of the collision [56]. 
The technique is based on elastic collisions between an energetic probing ion, most 
commonly He or H, and the atom of the examined substrate [56]. The collision process 
is illustrated in Fig. 2.7, where the incoming ion has a mass M1 with an initial velocity 
v0, energy E0 and the target atom has a mass M2 with zero initial velocity and kinetic 
energy. Because only elastic collisions are considered in RBS, there is no energy loss or 
gain via secondary effects such as nuclear reactions and resonances. Applying the 
conservation of energy and conservation of momentum will give the following 
equations: 
1
2
𝑀1𝑣0
2 =
1
2
𝑀1𝑣1
2 +
1
2
𝑀2𝑣2
2, 
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𝑀1𝑣0 = 𝑀1𝑣1𝑐𝑜𝑠𝜃 + 𝑀2𝑣2𝑐𝑜𝑠𝜙, 
0 = 𝑀1𝑣1𝑠𝑖𝑛𝜃 − 𝑀2𝑣2𝑠𝑖𝑛𝜙 
  With some mathematical manipulation, the kinematic factor 𝐾 =
𝐸1
𝐸0
 is given as: 
 
𝐾 =
𝐸1
𝐸0
= {
[1 − (𝑀1/𝑀2)
2𝑠𝑖𝑛2𝜃]1/2 + (𝑀1/𝑀2)𝑐𝑜𝑠𝜃
1 + (𝑀1/𝑀2)
}
2
 (6) 
In Eq. 6, only the energy of the recoiled ions 𝐸1 and the mass of the target atoms 𝑀2 are 
unknown. Measuring the energy 𝐸1 by a mass spectrometer or a silicon surface barrier 
(SSB) detector will make it possible to identify the mass of the target atoms. 
Furthermore, from Eq. 6, heavier target atoms will induce higher recoiled energies; 
hence a single RBS characterisation is able to qualitatively determine multiple target 
elements at the one time. To quantitatively characterise these elements, i.e. the 
concentration and spatial distribution of each elements in the target, other concepts have 
to be introduced. These are the scattering cross section and the stopping power or 
electronic energy loss of ions in the target materials. For example, the scattering cross 
section 𝜎 is the likelihood of the collision between the probe ions and the target atoms. 
The measured scattering yield, 𝑌𝑡𝑜𝑡, is directly related to the density of the target atoms 
𝑁, represented by the equation [56]:  
𝑌𝑡𝑜𝑡 =
𝑁𝑡𝜎𝑄
𝑐𝑜𝑠𝛼
, 
where the number of incident ions is 𝑄, the incidence angle with respect to the surface 
normal is 𝛼 and t is the thickness or width considered. The scattering cross section 𝜎 
can also be calculated from the available information of the RBS measurement, and 
hence the density of the target atoms 𝑁, i.e. their concentration, can be determined.  
Depth information can be obtained from the fact that ions lose energy via electronic 
interactions (electronic energy loss) when they penetrate into the substrate prior to an 
elastic collision. If an ion scatters from a depth x, the backscattered energy, 𝐸𝐵, is given 
by: 
𝐸𝐵 = 𝐾(𝐸0 − ∆𝐸𝑖𝑛) − ∆𝐸𝑜𝑢𝑡, 
where ∆𝐸𝑖𝑛 is the electronic energy loss during the inward path and ∆𝐸𝑜𝑢𝑡 is the energy 
loss on the outward path. These energy loss parameters can be found from stopping 
power tables of ions in matter [57]. 
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RBS simulation program: RUMP 
As shown in the section above, the analysis of an RBS spectrum involves some 
calculations to acquire the kinematic factor, the scattering cross section and the stopping 
power. Fortunately, this cumbersome exercise is assisted by several analysis programs 
currently available, such as: RUMP [58] and SIMNRA [59]. In our study, SIMNRA 
was initially used, such as in chapter 3. Later, RUMP is used for the analysis of most 
RBS spectra. This C based program was developed by L. R. Doolittle and M. O. 
Thompson in J. W. Mayer’s group at Cornell University in the 1980s.  
A RBS file containing the measurement data is imported into the program where RUMP 
commands are applied to the active spectrum to determine concentration, depth and 
other required information. The simulation package SIM is a sub-processor under 
RUMP, having its own set of commands. Analysis of the RBS data is done by fitting a 
simulation spectrum to the experimental spectrum so that the necessary information 
such as types of elements, concentration, distribution, possible contamination and the 
thickness of thin films or amorphous layers can be obtained. An example of a 
simulation spectrum is given as the black curve in Fig. 2.8.      
Channelling effect 
The channelling effect results from the penetration of the ion beam along an axis or a 
plane of a crystal lattice. This effect can drastically reduce the number of elastic (hard) 
collisions of the incoming atoms. Hence the scattering yield is dramatically lowered. 
For an accurate analysis of the thin film’s composition and distribution, samples have to 
be amorphous or rotated in a random geometry to the ion beams (RBS/R) to avoid 
channelling. However, the channelling configuration is not an undesirable effect in ion 
beam analysis. It can be helpful when used in compliment with the random 
configuration to have a more comprehensive understanding about the crystal quality and 
disorder in the samples. For example, RBS/channelling (RBS/C) is very sensitive to 
crystal defects such as displaced atoms and extended defects [60]. In addition, by taking 
multiple RBS/C spectra at slightly different angles (angular scan), it is possible to study 
even the exact location of the impurity atoms (usually heavier than the substrate) with 
respect to the lattice. RBS/C can qualitatively indicate the crystal quality of the samples 
by assessing the minimum scattering yield and can locate sub-surface defective regions. 
To the first order approximation, the substitutional fraction 𝑆 of the impurity can be 
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quantitatively calculated from the combination of the RBS/R and the RBS/C spectra. An 
example of RBS analysis will be presented in the next section.    
 
Fig. 2.8: Typical RBS spectra of a Ge-Sn sample from implantation to PLM. 
How to read a RBS spectrum 
Fig. 2.8 is the RBS data of a Ge-Sn sample implanted at the energy of 350 𝑘𝑒𝑉 and the 
dose of 6 ∙ 1016 𝑐𝑚−2. The lower red curve is the RBS/C spectrum of the pristine Ge 
sample, which has a very low scattering yield due to the perfect crystal quality of the Ge 
substrate. The backscattering energy of ~1.7 𝑀𝑒𝑉 corresponds to the Ge surface 
(surface peak). After implantation, RBS shows a drastic increase of the scattering yield 
(green curve) with an additional peak at the scattering energy of ~1.8 𝑀𝑒𝑉. Fitting the 
simulation curve (black curve) and the experimental as-implanted (green) curve by the 
RUMP program gives a Sn concentration of ~8.5 𝑎𝑡. % and a thickness of the 
amorphous layer of ~350 𝑛𝑚, which is very consistent with the TEM data of 355 𝑛𝑚 
(see chapter 6). The Sn profile and the concentration in at. % are determined by 
matching a simulated RBS spectrum (using the RUMP program) with the measured 
RBS spectra of the samples both after implantation and after PLM. To fit the 
measurement data, the simulated spectrum is constructed as a stack of many sub-layers 
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whose thicknesses and compositions can be adjusted until the two spectra (simulated 
and measured) are matched. The fitting method of the alternative program, SIMNRA, 
can be done by the same way.  
After PLM, due to the recovery of the Ge-Sn lattice, the scattering yield of this sample 
drastically decreases (blue curve) with some noticeable features. Besides the surface Sn 
peak and the surface Ge peak at an energy of 1.8 𝑀𝑒𝑉 and 1.7 𝑀𝑒𝑉, respectively, the 
peak at a backscattered energy of 1.57 𝑀𝑒𝑉 is due to defective regions at the depth of 
~150 𝑛𝑚 below the surface (confirmed by TEM). The corresponding RBS/random 
spectrum was also taken on this PLM sample (purple curve), showing that the profile of 
Sn was slightly changed as compared to the as-implanted profile due to the diffusion of 
Sn during the melting process. With the RBS/C and the RBS/R spectra of the PLM 
sample, the substitutional fraction of Sn atoms within the Ge lattice can be calculated 
as: 
 
𝑆 =
1 −
𝑌𝑖𝑚𝑝𝑢𝑟𝑖𝑡𝑦_𝐶
𝑌𝑖𝑚𝑝𝑢𝑟𝑖𝑡𝑦_𝑅
1 −
𝑌ℎ𝑜𝑠𝑡_𝐶
𝑌ℎ𝑜𝑠𝑡_𝑅
=
1 −
3.13
9.73
1 −
8.3
49.9
=
0.68
0.83
≈ 82% (7) 
Equipment 
RBS measurements were conducted with the 1.7 𝑀𝑉 tandem pelletron RBS system at 
the department of Electronic Materials Engineering, ANU. The structure of the RBS 
system is quite similar to the high energy implanter, except for the ion source. In the 
RBS system, the source is an RF-charge exchange ion source, also called Alphatross 
from National Electrostatics Corporation. This source uses a 100 𝑀𝐻𝑧 RF generator to 
produce a He plasma from a gas inlet (Fig. 2.9). Positive He
+
 ions are accelerated 
through a charge exchange section filled with rubidium (Rb) vapour, where He ions 
become negative. A similar acceleration principle as the implanter gives the He ions an 
energy of 1 − 3 𝑀𝑒𝑉. Although hydrogen ions can also be used on this system, He ions 
offer a significantly better mass resolution and depth resolution. 
Inside the scattering chamber, two silicon surface barrier (SSB) detectors are used, one 
at a fixed backscattering angle of ~170° and another one at a variable glancing angle. 
Since the mass and depth resolution depends on the scattering angles, having two 
detectors at variable angles gives extra flexibility for the RBS measurement. A SSB 
detector is basically a Schottky diode reverse-biased at a voltage of 40 𝑉. The thickness 
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of the depletion layer is in the order of 100 𝜇𝑚 which is larger than the penetration 
depth of  MeV He ions. Upon penetrating into the detector, energetic He ions generate 
electron-hole pairs (number proportional to He ion energy) that are swiftly extracted to 
the contacts and generate electrical signals. The relationship between the particle energy 
and the number of electron-hole pairs is linear at a ratio of 3.6 − 3.7 𝑒𝑉/𝑝𝑎𝑖𝑟. 
Therefore, the electrical signal extracted is directly related to the energy of the incoming 
ions.  
 
Fig. 2.9: Schematic structure of the RF helium plasma generator, Alphatross [61]. 
2.2.1.2 X-Ray diffraction and reciprocal space mapping 
For a semiconductor to be applicable for electronic devices, crystal quality is one of the 
most important criteria because crystal imperfections often cause functioning problems 
such as short carrier life times, low carrier mobility or non-radiative recombination. 
Compressive and tensile strains are also important in determining the properties of the 
materials. For example, compressive strain is beneficial for carrier mobility of electrons, 
but not for holes. In the Ge-Sn system, compressive strain modifies the electronic band 
structure in a way that requires higher Sn concentration for the direct band gap 
transition. Therefore, it is essential to be able to study those details qualitatively and 
quantitatively, where X-ray diffraction is perhaps the most commonly used technique 
for that purpose.  
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Fig. 2.10 illustrates some major parameters and the working mechanism of a XRD 
measurement. 𝜔 is the angle between the incident beam and the sample’s surface, 2𝜃 is 
the angle between the incident beam and the detector, [hkl] is the vector perpendicular 
to the (hkl) planes and 𝑠 is the diffraction vector that bisects the angle between the 
incident and the diffracted beam. Common XRD scans include: a rocking curve scan by 
rotating the sample holder around itself, a detector scan by rotating the detector around 
the center of the samples and a coupled 𝜔/2𝜃 scan by simultaneously changing 2𝜃 and 
𝜔 =
1
2
2𝜃. In our study, only the coupled 𝜔/2𝜃 scan was conducted because it allows 
the distance between the (hkl) planes of the substrates and the Ge-Sn layers to be 
determined so that the crystal quality and the strain of the Ge-Sn layer can be studied. 
The distance dhkl between the (hkl) planes is calculated with Bragg’s law as follows:  
𝜆 = 2𝑑ℎ𝑘𝑙𝑠𝑖𝑛𝜃, 
where 𝜆 is the wavelength of the incident X-ray beam, which is the emission of the 𝐾𝛼 
decay in copper (Cu 𝐾𝛼 = 1.54 Å) from a X-ray tube; and 𝜃 is a known value from the 
measurement. It is noteworthy that for Bragg’s law to be satisfied, the diffraction vector 
𝑠 has to be parallel to the [hkl] direction. Therefore, in principle only crystal planes 
parallel to the plane of the substrate will be detected in the coupled scan. For crystals 
that are slightly twisted as compared to the substrates, i.e. mosaic spread, the rocking 
curve 𝜔 scan is more appropriate. The combination of both coupled scan and rocking 
curve scan was also implemented in our experiments. This type of scan is called 
reciprocal space mapping, which is a series of 𝜔/2𝜃 scans at slightly different 𝜔 
offsets.  
 
Fig. 2.10: Working principle of a X - ray diffraction measurement. 
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Reciprocal space mapping 
Fig. 2.11(a) illustrates a reciprocal lattice of a crystal, where each point in the reciprocal 
lattice represents a family of planes in the real lattice [62]. For example, the (h1k1l1) 
point represents the family of (h1k1l1) planes in the real lattice, where the distance from 
the origin point (000) to the reciprocal point d
*
(h1k1l1) = 1/ d(h1k1l1). It is worth noting that 
the diffraction vector 𝑠 in the figure is not perpendicular to the sample surface, rather to 
the tilted (h1k1l1) plane. If the sample surface in this case is the (100) planes, a XRD 
scan of the (h1k1l1) plane is called an asymmetric scan, whereas a scan that has the 
diffraction vector perpendicular to the sample surface, such as (200), (400), is called a 
symmetric scan. In Fig. 2.11(b), the mapping of the reciprocal space is illustrated for a 
symmetric point (hkl) and an asymmetric point (h1k1l1). In principle, a 𝜔/2𝜃 scan is 
equivalent to a scan along a straight line pointing away from the origin of the reciprocal 
point, and a 𝜔 scan is equivalent to a scan in the direction of an arc centered on the 
origin. Therefore, by doing reciprocal space mapping, the reciprocal point of the 
substrate (underlying Ge) is acquired with respect to those of the thin film (Ge-Sn 
layer). 
 
Fig. 2.11: Illustration of a reciprocal space (a) and a reciprocal space mapping scan (b) 
[62]. 
The purpose of doing RSM in complement with a 𝜔/2𝜃 scan is to further understand 
the characteristics of strain in the materials, such as: fully strained, partially strained or 
fully relaxed. Fig. 2.12 illustrates a Si-Ge alloy epitaxially grown on a Si substrate, 
which is quite comparable to our study of a Ge-Sn alloy on a Ge substrate [63]. In the 
RSM map, Qx and Qy axes are inversely proportional to the real lattice constants a and 
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c, respectively. Therefore, in case of no strain relaxation (Fig. 2.12(a)) the reciprocal 
point of the film is on a vertical axis with the substrate. In the case of strain relaxation 
(Fig. 2.12(b)), the reciprocal point of the film shifts towards a smaller Qx value. Based 
on the RSM scan, the in-plane and out-of-plane lattice constants a and c of the epitaxial 
thin film can be calculated. The equations to calculate the lattice constant of the real 
structure from the RSM map is as follows [64]: 
  
𝑎 =
1
𝑞∥(𝑟𝑙𝑢)
𝜆
√3
ℎ 
(8) 
 
𝑐 =
1
𝑞⊥(𝑟𝑙𝑢)
𝜆
2
𝑙 
(9) 
In Eq. 8 and Eq. 9, 𝑞∥ and 𝑞⊥ have to be in reciprocal lattice units (rlu) obtained from an 
RSM measurement. It is worth noting that in order to study the lattice relaxation, the 
RSM scan has to be on an asymmetric point such as the (224) because the reciprocal 
point of the film in a symmetric scan shifts only vertically.  
 
Fig. 2.12: Reciprocal space mapping of a compressively strained (a) and a relaxed Si-Ge 
alloys (b) [63]. 
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XRD instrument 
The department of Electronic Materials Engineering, ANU host a PANalytical X'Pert 
PRO MRD system with a capability of high resolution XRD necessary for rocking 
curve scans, coupled scans and RSM scans. The incident optics includes a four-crystal 
monochromator 4∙Ge(220) to condition the beam from the X-ray tube. The divergence 
of the beam coming from the monochromator is ~18 𝑎𝑐𝑟𝑠𝑒𝑐 (0.005°). For the 
diffraction optics, a triple axis setup was used, including an upper beam path for rough 
alignment and a lower beam path for high resolution acquisition. The lower beam path 
is equipped with an analyser which is a three-crystal 3∙Ge(220) setup. This setup 
reduces the acceptance angle of the detector to ~12 arcsec  (0.0033°) to ensure high 
(angular and lattice spacing) resolution capability of the XRD system.  
2.2.1.3 Raman spectroscopy 
Similar to XRD which does not require a complicated sample preparation step, Raman 
spectroscopy provides valuable information from a substrate at the atomistic level. 
Those details include: the degree of substitutionality of Sn atoms in the Ge lattice, 
quantification of the crystal quality as well as strain information from the material. All 
of those data are acquired simultaneously by just a single Raman analysis within several 
minutes. The working principle of Raman spectroscopy relies on the Raman effect 
(named after the scientist Sir Chandrasekhra Venkata Raman), which is an inelastic 
scattering process between electromagnetic radiation (incident photons) and the 
vibrational modes of the material.  
The scattering of incident photons can be described in terms of the dipole moment 
which has three terms [65]. The first term of the dipole moment 𝑃 represents Rayleigh 
scattering which has exactly the same frequency as the exciting radiation. The second 
and the third terms represent inelastic or Raman scattering and include anti-Stokes and 
Stokes components, respectively. Since Raman scattering carries information of the 
atomic molecular vibration 𝑣𝑚, it provides specific details about material atomic 
structure including bonding information. Fig. 2.13 shows a scattering spectrum of CCl4, 
including Rayleigh, Stokes and anti-Stokes peaks. Rayleigh scattering is 5 – 6 orders of 
magnitude more intense than Raman scattering, and can largely interfere with the 
detection of the Raman signal. In addition, the intensity of the Stokes scattering is 
usually higher than the anti-Stokes because the anti-Stokes is involved with pre-excited 
states which are usually less populated than the ground states. Therefore, a Raman 
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spectroscopy system has to have a filter, such as an edge filter or a notch filter, to 
eliminate both the Rayleigh scattering and (ideally) the anti-Stokes scattering. Not all 
materials are Raman active. Some solid state semiconductors that are Raman-active and 
give rise to several active modes in the scattered spectrum include: diamond, silicon, 
germanium, SiGe, InGaAs, GaAs and GaN.  
 
Fig. 2.13: Raman spectrum of CCl4 (488.0 nm excitation). The full spectrum includes a 
Rayleigh scattering peak, a set of Raman/Stokes scattering peaks and a set of Raman/anti-
Stokes peaks  [65].  
Instrumentation 
Fig. 2.14 shows a schematic setup of a Raman spectroscopy system [66]. Major parts of 
the system include: an excitation source (nowadays a laser source), incident optics and 
microscope to focus the laser beam onto the samples, wavelength filter to eliminate 
undesired wavelengths other than the Raman scattering ones, a monochromator or 
spectrophotometer to separate individual wavelengths in the scattered beam and a 
detector to measure the intensity of the photons.  
It is quite common that a Raman system is equipped with more than 2 laser sources of 
different wavelengths. Some systems have even more than 4 laser sources such as: an 
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ultra violet laser, a green laser (𝜆 = 532 𝑛𝑚, diode pumped solid state laser), a red laser 
(𝜆 = 633 𝑛𝑚, HeNe gas) and a near infrared laser (𝜆 = 785 𝑛𝑚, solid state diode). 
Options for a suitable laser depend on the characteristics of the samples such as 
biological or non-biological, the penetration depth of the laser into the materials, the 
bandgap of semiconductors, etc. The optics of the system contains a set of neutral 
density filters to reduce the intensity of the laser for every wavelength equally. Some 
samples are very sensitive to heating or radiation damage; hence low laser fluence is 
required. A microscope is used to focus the incident laser beam down to < 1 𝜇𝑚 and to 
collect the scattered photons. Some advanced confocal microscopes are capable of 
probing the sample at a certain depth below the surface, thus depth profiling by Raman 
spectroscopy is possible. The stage of the microscope can be motorized and controlled 
by a computer, so automatic mapping is also possible.  
 
Fig. 2.14: Schematic structure of a Raman spectroscopy system [66]. 
In the scattering optics, since the unhelpful Rayleigh scattering is much more intense 
than Raman scattering, it is necessary to have a filter to remove Rayleigh scattering 
from the scattered beam. Two of the most commonly used filters are edge filters and 
notch filters. The edge filter stops the beam up to a certain wavelength so that the 
Rayleigh and the anti-Stokes scattering are both filtered out, whereas the notch filter 
stops only a narrow range of the wavelengths, such as the Rayleigh scattering, and lets 
the Stokes and the anti-Stokes pass through. The spectrophotometer is equipped with a 
set of gratings with different pitch distances, such as 600, 1200, 2400 𝑙𝑖𝑛𝑒𝑠/𝑚𝑚. 
Spectral resolution is better with the higher number of lines/mm. For example, the 
combination of the 633 𝑛𝑚 laser and the 2400 𝑙/𝑚𝑚 grating gives a spectral resolution 
Suppression of ion-implantation induced porosity in germanium 
 
40 
 
  
of ~0.8 𝑐𝑚−1. Small spectral resolution is important for studying the Ge-Sn alloys 
because the shift of the Raman peaks due to the incorporation of Sn and the lattice strain 
is relatively small. Finally, a CCD detector is used to measure the intensity of the 
Raman scattering. The detector is cooled to ~ − 70℃ by a thermoelectric Peltier cooler 
to reduce the thermal noise and increase the sensitivity of the detector. Specifications of 
the Renishaw Raman system at the EME department are listed in Table 3. 
Table 3: Specifications of the Raman system at the department of Electronic Materials 
Engineering, ANU 
 Laser 
Laser colour Green Red NIR 
Wavelength (nm) 532 633 785 
Laser type 
Diode pumped 
solid-state 
HeNe Gas Diode 
Optics 
Edge filter (cm
-1
) 30 100 
Gratings lines/mm 600/1200/2400 600/1200/2400 600/1200 
Spot Size 
(µm) 
5x  - -   - 
20x 1.62 1.93 2.39 
50x 0.87 1.03 1.28 
100x 0.76 0.91 1.13 
Power 
(mW) 
Specified 50 12-17 300 
Measured at source 42 18 350 
Measured at inVia 5 14 240 
              
2.2.1.4 Electron microscopy  
Electron microscopy is indispensable for examining the morphology and microstructure 
of materials. Surface morphology can be obtained from scanning electron microscopy 
(SEM) and sub-surface crystal quality and defect characterisation obtained from 
transmission electron microscopy (TEM). In addition, possible impurity segregation can 
be obtained by energy dispersive X-ray spectroscopy (EDS).  All of these techniques 
will be reviewed in this section, starting with the fundamental interactions between 
electrons and the sample. When an energetic electron beam impinges on a sample, 
interactions between electrons and atoms or electrons of the sample generate a variety 
of emissions as shown in Fig. 2.15. Although all of these effects can be utilised in some 
way, in our study the effects of interest are the secondary electrons and backscattering 
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electrons for SEM, transmitted and diffracted electron beam for TEM and X-ray 
emission for EDS.       
 
Fig. 2.15: Products of the interactions between the electron beam and the target material. 
Scanning electron microscopy (SEM) 
Although a SEM system can be somewhat sophisticated, depending on the spatial 
resolution and other capabilities of the equipment, the working principle of a SEM is 
quite straightforward. To some extent, it resembles the old-fashioned cathode ray 
television tube, in which an electron gun emits a continuous beam of electrons. This 
beam is raster scanned in the X-Y direction onto the sample surface, while a detector is 
positioned to collect and measure the secondary or backscattering electrons coming out 
from the surface. Furthermore, the edges or sharp points on the sample tend to emit 
more secondary electrons than a flat smooth surface, which consequently appears 
brighter on the SEM image. In other words, the secondary electron mode of the SEM 
mostly shows topography contrast of the sample surface. On the other hand, in the 
backscattering electron mode images are formed as a result of the mass contrast 
between elements on the surface. Heavier atoms have larger probability for a 
backscattering interaction with the electrons; hence they appear brighter in the SEM 
images. The detector of the SEM can be switched between secondary electron mode and 
backscattering electron mode or a SEM system can be equipped with more than one 
detector [67].       
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Fig. 2.16: Range and spatial resolution of secondary electrons, backscattering electron and 
X-ray emission in an electron microscopy system [68]. 
As shown in Fig. 2.16, secondary electrons have very low energy, lower than 50 𝑒𝑉 
with peak distribution of 3 − 5 𝑒𝑉, hence only secondary electrons within the top 
50 𝑛𝑚 of the surface can exit the surface and impinge on the detector. Backscattered 
electrons have much higher energy (almost equal to the incident energy) with a diameter 
of the interacting region up to 3 𝜇𝑚, hence drastically reduced spatial resolution of the 
technique . The typical spatial resolution of SEM in the secondary electron mode is 
around 50 𝑛𝑚 and > 100 𝑛𝑚 for backscattering electron mode. Therefore, for spatial 
resolution < 10 𝑛𝑚 and sub-surface investigation of the sample transmission electron 
microscopy is necessary.        
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Transmission electron microscopy (TEM)      
 
Fig. 2.17: Schematic setup of a TEM system (adapted from [69]) . 
The transmission electron microscopy [70] is made possible by thinning the sample 
down to < 200 𝑛𝑚 (conventional TEM) or < 100 𝑛𝑚 (high resolution TEM), so that 
the sample is transparent to the electron beam. Fig. 2.17 shows the basic setup of a 
transmission electron microscopy, including three sections: an illumination system, an 
objective lens/sample stage and an imaging system. The illumination system comprises 
the electron gun and a set of condenser lenses called C1, C2 and C3. This set of 
condenser lenses transfer the electron beam emitted from the gun to the sample in two 
different beam conditions: parallel beam and focused beam. A parallel beam is used for 
a traditional TEM system, whereas a focused beam is used for a scanning TEM (STEM) 
and convergent beam electron diffraction (CBED). In our study, only traditional TEM 
analysis with a parallel beam has been used. The center section of the TEM system is 
the sample stage and underneath the sample stage is the objective lens. Because this 
section is where the interaction between the electron beam and the specimen takes place 
to form the beam carrying the sample information, the objective lens system in this 
section is perhaps the most important in a TEM system. The quality of this lens system 
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largely determines the quality of the final results [70]. In this work, TEM was operated 
in three modes: selected area diffraction pattern (SADP), imaging modes (bright 
field/dark field) and high resolution imaging mode. These operational modes of the 
TEM are determined by adjusting some components in the imaging section as shown in 
Fig. 2.18.     
 
Fig. 2.18: Schematic setup of the imaging section operated in diffraction pattern mode (a) 
and imaging mode (b) [70]. 
Some important components of the imaging section from top to bottom include an 
objective aperture positioned at the back-focal plane (BFP) of the objective lens, a 
selected-area diffraction (SAD) aperture positioned at the image plane of the objective 
lens, an adjustable intermediate lens to switch the operation mode between DP and 
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imaging mode, a fixed-strength projector lens to project the image plane of the 
intermediate lens to the screen and finally the imaging screen. The role of a SAD 
aperture is to act as a virtual aperture put in front of the specimen to allow only the 
beam region within that virtual aperture to pass through. This allows a region of interest 
on the sample to be selected for imaging and to reduce the intensity of the beam which 
can damage the imaging apparatus. To operate with the DP mode, the strength of the 
intermediate lens is adjusted so that the BFP of the objective lens is the object plane of 
the intermediate lens (Fig. 2.18(a)). Whereas, in imaging mode the image plane of the 
objective lens is adjusted to be the object plane of the intermediate lens (Fig. 2.18(b)). 
Furthermore, in imaging mode the objective aperture is used to switch between bright 
field, dark field as well as high resolution imaging modes. In bright field, the aperture 
allows the direct beam from the specimen to pass through. In dark field, the scattered 
(diffracted) electrons are passed through to form the image. Finally, in high resolution 
mode the direct transmitted beam and some of the scattered beams pass through the 
aperture so that interference between them occur to form a phase-contrast, high 
resolution images of the sample. Typical magnification of the normal imaging mode is 
25,000 − 100,000 ×, whereas in high resolution mode the magnification can be up to 
106 × [70].  
In our study, two TEM systems have been used: the Philips CM300 and the JEOL 
2100F. Both systems are hosted in the Center for Advanced Microscopy, ANU. The 
former microscopy has an operation voltage of 300 𝑘𝑉 with a LaB6 thermionic 
emission gun. It has a point resolution of 0.2 𝑛𝑚 and a minimum focused probe size of 
0.3 𝑛𝑚 [71]. The JEOL 2100F also has a field emission gun, but operated at 200 𝑘𝑉. 
Operation voltages at 80 𝑘𝑉 and 120 𝑘𝑉 are available in this system for electron-beam 
sensitive specimens. Lattice resolution in this system is 0.1 𝑛𝑚. For the high resolution 
imaging of the Ge-Sn lattices, the JEOL 2100F is often used. This system also has EDS 
capability.     
TEM sample preparation 
Because TEM characterisation requires the region of interest to be thin enough to be 
electron transparent, special sample preparation methods are necessary. In this study, 
cross-sectional TEM samples showing the microstructure as a function of depth were 
prepared by either a precision ion polishing system (PIPS) or a focused ion beam system 
(FIB). The PIPS method is able to provide excellent quality samples for TEM with a 
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minimum cost. However, this method is relatively time-consuming, involving many 
steps such as wafer cutting, wafer bonding, sand paper polishing, dimpler grinding and 
ion polishing. A proper process can take at least four hours. It is even more complicated 
in the case of Ge because the material has very high absorption coefficient in the range 
of visible light (two orders of magnitude higher than silicon), making it difficult to 
monitor the thickness of the membrane by the transmission of light in the dimpler 
grinder. Therefore, it can take a significantly longer time, even a day, to mill and polish 
the final product in the PIPS. A procedure developed by our group can be found in the 
section below.   
Consequently, the focused ion beam method is a much faster technique; only taking 
about 2 hrs to finish a sample. It can also prepared sectioned materials for other 
purposes because the milled regions are just tens of microns. However, the FIB process 
can cause ion beam damage to the near-surface of the samples         
Procedure for PIPS 
- Two samples of interest (~5 ∙ 5 𝑚𝑚) are put face-to-face. Two other dummy Si 
pieces with the same size are put to each side of the samples. All 6 pieces are 
pressed and glued by epoxy resin cured at 100 ℃ for 01 ℎ𝑟 in an oven. 
- A diamond cutter slices the above glued cube into 3 − 4 slices of ~1 𝑚𝑚 thick. 
An ultrasonic cutter cuts each slice into a circular shape of 3 𝑚𝑚 in diameter 
with the region of interest at the center of the circle.  
- The circular thin slices are now thinned by using a disk grinder and sand papers. 
The required thickness of the slice after this step is 80 − 100 𝜇𝑚. 
- Further thinning is continued with a dimple grinder which can precisely reduce 
the thickness of the slices to ~10 𝜇𝑚. 
- The final thinning and polishing step is finished by a PIPS system where two 
argon ion guns gradually sputter the center of the circular slice until a little hole 
appears. The argon gun is operated at the energy of 3.5 𝑘𝑒𝑉 at an incident angle 
of ±4°, one above and one below the slices. During the process, the slices are 
rotated at the rate of 3.5  𝑟𝑝𝑚 to ensure uniform sputtering of the material.  
Procedure for FIB 
- Deposit a thin protective layer of Pt on the sample surface using the electron 
beam. Next, deposit another Pt layer with the ion beam. The ion beam is more 
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able to crack the Pt precursor but can also damage the sample surface; hence the 
first Pt layer is to protect the surface prior to the second deposition. 
- Rough milling is done with a Ga ion beam at an energy of 30 𝑘𝑒𝑉 and a current 
of 6.5 𝑛𝐴. Once the membrane is 200 − 300 𝑛𝑚 thick, the energy of the ion 
beam is reduced to improve the flatness of the TEM samples and minimise 
surface damage. The final polishing energy is 2 𝑘𝑒𝑉.  
- The TEM membrane is then plucked from the sample and put on a TEM grid 
using a micromanipulator with a glass needle. The TEM grid with the membrane 
is now ready for the analysis. 
Energy dispersive X-ray spectroscopy (EDS) 
In some parts of this study, EDS was used to examine the composition of contaminants, 
segregation of some particular elements, such as oxygen and Sn, within the sample or 
on the surface. EDS relies on detecting the energy of the X-rays emitted from the 
constitute atoms in the samples. Due to the impact of the electron beam, electrons in 
equilibrium states of the atom can be excited to higher available energy states. 
Subsequently, those excited unstable electrons tend to revert back to the initial states 
and release a photon with energy equal to the energy difference between the excited and 
the initial states. Since these energy differences are unique for each element, measuring 
the energy of the emitted X-rays makes it possible to determine the type and 
concentration of the constituents even when these elements are unknown. With 
advanced EDS detectors, such as the wavelength-dispersive spectrometers (WDS), the 
best possible energy resolution is ~5 𝑒𝑉  [70]. EDS can be achieved on both SEM and 
TEM systems. However, EDS-TEM provides more valuable information such as 
concentration profiles. The spatial resolution is also much improved in EDS-TEM 
because the extent of the interaction zone is limited by the small thickness of the TEM 
samples and the spot size of the electron beam is also smaller in TEM. 
2.2.2 Optical property characterisation  
2.2.2.1 Spectroscopic ellipsometry (SE) 
Ellipsometry is a non-destructive, non-contact and very versatile technique to study 
many properties of materials such as thin film thickness, optical constants, interface 
roughness, etc. In our study, spectroscopic ellipsometry is used to study optical 
transitions between valence bands and conduction bands; specifically in our case the 
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change in the band structure due to the incorporation of Sn in Ge. The working 
mechanism of ellipsometry techniques relies on the detection of the change in the 
polarisation states of the electric field between the incident and the reflected 
electromagnetic waves. The electric field of the light can be represented by the 
convolution of two individual vectors 𝐸𝑥 and 𝐸𝑦 which are parallel to the x and y axis, 
respectively. On reflection from the samples, the light changes its polarisation, 
depending on the optical properties of the sample. Therefore, knowing the polarisation 
of the incident and the reflected light, some properties of the samples that are sensitive 
to light can be measured.  
 
Fig. 2.19: Change in polarisation of light due to interaction with the sample [72]. 
In an ellipsometry measurement, the two important parameters that can be directly 
obtained are Ψ and Δ, which are determined by the following equation [72]: 
 𝜌 = 𝑡𝑎𝑛Ψ exp(𝑖Δ) =
𝑟𝑝
𝑟𝑠
= (
𝐸𝑟𝑝
𝐸𝑖𝑝
) / (
𝐸𝑟𝑠
𝐸𝑖𝑠
), (10) 
where Ψ and Δ are the amplitude ratio and phase difference, respectively, between light 
waves known as p- and s- polarized light waves, 𝑟𝑝 and 𝑟𝑠 are amplitude reflection 
coefficients for p- and s-polarized light, respectively, 𝐸𝑖 and 𝐸𝑟 are the electric field of 
the incident and reflected light, respectively. 
From the Ψ and Δ values, one can calculate the pseudo-dielectric function 〈𝜀〉 of the 
material by assuming a simple model for samples that have a perfectly flat surface and 
an infinite thickness. This is the case in our experiments because the samples are simply 
bulk Ge substrates or Ge-Sn films on Ge substrates. The equation for calculation of the 
pseudo-dielectric function is as follows [72]: 
〈𝜀〉 = sin2 𝜃𝑖 [1 + tan
2 𝜃𝑖 (
1−𝜌
1+𝜌
)
2
], 
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where 𝜃𝑖 is the incidence angle and 𝜌 is the value obtained in Eq. 10. The incidence 
angle 𝜃𝑖 is usually taken at the Brewster angle to maximize the change in polarisation of 
the light and enhance the sensitivity of the measurement. For group IV semiconductors 
such as Si and Ge, the Brewster angle is ~70°. Each ellipsometry measurement is taken 
at three different angles: 55°, 65° and 75°. 
Generally, the pseudo-dielectric function is a complex function 〈𝜀(𝜆)〉 = 𝜀1(𝜆) ±
𝑖𝜀2(𝜆), where 𝜀1(𝜆) and 𝜀2(𝜆) are the real part and the imaginary part of the dielectric 
function, respectively, and both are a function of the light wavelength [72]. Effectively, 
𝜀1(𝜆) represents the electric polarizability and 𝜀2(𝜆) represents the absorption 
properties of the material. In our study, a plot of 𝜀2 as a function of 𝜆 is obtained by 
spectroscopic ellipsometry to characterise all possible optical transitions within the band 
structure of Ge from 0.75 𝑒𝑉 to 5 𝑒𝑉. For example, a detailed band structure of Ge is 
presented in Fig. 2.20(a). Possible optical transitions from the valence band to the 
conduction band are 𝐸0, 𝐸0 + Δ0, 𝐸1, 𝐸1 + Δ1 and 𝐸2. All of these transitions can be 
detected by spectroscopic ellipsometry as shown in Fig. 2.20(b). The transition 𝐸0 is 
particularly interesting in our study because the band gap at the Γ valley is expected to 
reduce with the introduction of Sn into Ge lattice. It is worth noting that Fig. 2.20(b) 
contains the 2
nd
 derivative of the original 〈𝜀2(𝜆)〉 diagram obtained from the 
measurement. The reason for this is to enhance the detectability of the optical transitions 
and reduce the contribution from the background intensity, as discussed in more detail 
in chapter 3. 
All the spectroscopic ellipsometry measurements are done with the Woollam M-2000D 
system at the Australian National Fabrication Facility at ANU. The system is equipped 
with the rotating compensator ellipsometry arrangement and high-speed CCD detection. 
The M-2000D has a wavelength range from 193 𝑛𝑚 to 1690 𝑛𝑚, which can cover all 
of the optical transitions presented in Fig. 2.20(b). 
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Fig. 2.20: Detailed band structure of Ge with all possible optical transitions (a) [73]and 2nd 
derivative of the imaginary part of the dielectric function 𝜀2 (b) shows the transitions 
detected by spectroscopic ellipsometry.  
2.2.2.2 Photoluminescence spectroscopy (PL) 
Although our spectroscopic ellipsometry system can show the overall change in the 
band structure of the material, hence the trend towards a direct bandgap transition, the 
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smallest detectable photon energy of the system is ~0.75 𝑒𝑉. This detection limit is not 
sufficient for our study because the optical band gap of direct Ge-Sn alloys is known to 
be around 0.55 𝑒𝑉 [27]. The SE technique is also an indirect determination of the band 
gap. Therefore, in order to have a confirmation of the bandgap energy, 
photoluminescence characterisation has to be employed.  
Luminescence in semiconductors occurs due to a radiative recombination of an excited 
electron with a hole. The photon emitted from this process has an energy equal to the 
energy difference between the electron and the hole. The term photoluminescence stems 
from the fact that the excitation source is a laser source having a photon energy larger 
than the band gap of the material. Commonly, PL is used for direct band gap materials 
such as III-V and II-VI semiconductors, where the electrons in the bottom of the 
conduction band and the holes in top of the valence band have the same k value (or 
momentum) in E-k space [67]. Indirect band gap semiconductors such as Si and Ge 
have very low internal luminescence efficiency because the electrons and holes have 
different k values, which require the participation of the third ‘particle’ (phonon) for 
electron-hole recombination and the probability of light emission is low. However, PL 
on indirect semiconductors is still an active area of research thanks to high power 
excitation sources of several hundreds of miliwatts. It is more favourable to lower the 
temperature of the samples during a PL measurement because some non-radiative 
processes can be thermally activated, giving rise to noise in the system. The PL peak is 
also broadened by a width of 𝑘𝑇/2 due to the thermal distribution of excited carriers in 
a band. Therefore, low temperature PL measurement can improve the PL intensity and 
the spectral resolution of the technique.          
2.3 Simulation and preliminary experimental results of the PLM 
As mentioned in section 1.3.3, after the ion implantation process, pulsed laser melting 
(PLM) and resolidification is used to recrystallise the amorphous Ge-Sn layer. There 
must be an optimal laser fluence introduced to achieve high quality of the crystallised 
material. For example, if the laser fluence is not sufficient for the material to melt 
through the disordered/amorphous layer, there is no crystalline seed from the underlying 
substrate for the melt to epitaxially solidify on and the Ge-Sn layer will become 
polycrystalline. On the other hand, excessive laser fluence will induce longer melt 
duration which may cause bulk and surface segregation of the implanted impurities and 
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also surface ablation. Therefore, a simulation is necessary to find the optimal laser 
fluence for each thickness of the amorphous Ge-Sn layer. 
 
Fig. 2.21: Melt depth as a function of laser fluence as calculated by LIMP. 
Initially, Ge substrates were implanted with Sn ions at a fixed dose of 1 ∙ 1016 𝑐𝑚−2 
and an increasing energy of 120 𝑘𝑒𝑉, 250 𝑘𝑒𝑉, 350 𝑘𝑒𝑉 and 450 𝑘𝑒𝑉. The energy is 
limited at 450 𝑘𝑒𝑉 because at this energy the laser fluence that is capable of melting 
through the thick amorphous layer will cause ablation of the material due to excessive 
laser power. All implants were done at the substrate temperature of ~77𝐾 to suppress 
the formation of porosity in Ge due to heavy ion bombardment which will be presented 
in detail in chapter 4. After implantation, all the samples were dipped into buffered 
hydrofluoric acid (HF:NH4F = 1:7) for ~30 sec to remove the residual SiO2 capping 
layer before PLM. Prior to the PLM process, simulation using the Laser Induced 
Melting Prediction (LIMP) program was conducted. This program, which was 
developed by M. O. Thomson and P. Smith, is able to calculate the temperature profile 
within the material irradiated by a single laser pulse of a specific laser wavelength. The 
outcome of this simulation is the melt depth as a function of the laser fluence as shown 
in Fig. 2.21. In Fig. 2.21, a series of laser fluences were inputted for each sample of 
different implant energy as follows: the 120 𝑘𝑒𝑉 sample/0.32 − 0.41 𝐽 ∙ 𝑐𝑚−2, 
250𝑘𝑒𝑉/0.41 − 0.55 𝐽 ∙ 𝑐𝑚−2, 350𝑘𝑒𝑉/0.49 − 0.65 𝐽 ∙ 𝑐𝑚−2 and 450𝑘𝑒𝑉/0.62 −
0.78 𝐽 ∙ 𝑐𝑚−2. Finally, the samples were characterised by RBS/channelling to study the 
crystallinity of the Ge-Sn crystal after PLM. The RBS results are presented in Fig. 2.22. 
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In Fig. 2.22, the top-left corner is the illustration of the sample with the position of the 
laser spots; the bottom-right is the table indicating the laser fluence of every spot and 
the corresponding melt duration as measured by a time-resolved reflectivity setup. As 
presented in section 2.2.1.1, a high quality crystal has to have a low scattering yield as 
compared to pristine Ge in the RBS/channelling measurement. Therefore, the samples 
that have higher scattering yield in Fig. 2.22 are considered to have insufficient crystal 
quality due to insufficient laser fluence. These inappropriate laser fluences are 
highlighted as red in the inset table. In summary, the acceptable laser fluences for each 
implant energy are as follows: 120 𝑘𝑒𝑉/~0.4 𝐽 ∙ 𝑐𝑚−2, 250 𝑘𝑒𝑉/~0.5 𝐽 ∙ 𝑐𝑚−2, 
350 𝑘𝑒𝑉/~0.6 𝐽 ∙ 𝑐𝑚−2 and 450 𝑘𝑒𝑉/0.7 𝐽 ∙ 𝑐𝑚−2. Beyond 0.7 𝐽 ∙ 𝑐𝑚−2, an ablation 
effect may be initiated which can remove the material and generate defects in the 
PLMed samples. 
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Fig. 2.22: RBS/C spectra of the Ge - Sn samples after PLM. 
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3 
Synthesis of Thin Film Ge-Sn Alloys by Ion Implantation 
and Pulsed Laser Melting 
3 Synthesis of Thin Film Ge-Sn Alloys by Ion Implantation and 
Pulsed Laser Melting  
3.1 Introduction 
As indicated in chapter 1, the germanium-tin (Ge1-xSnx) alloy has gained much attention 
in the research community during the last five years due to its attractive potential 
applications for optical interconnects, faster electronic devices and high performance 
photodetectors [74-76].  It has theoretically been predicted and experimentally proven 
that above a critical Sn content Ge1-xSnx is a direct bandgap semiconductor.  Recent 
theoretical works [22,23] have predicted the required Sn content at about 6.5 −
11 𝑎𝑡. %. Experimentally, Wirths et al. have demonstrated a direct bandgap alloy 
conclusively, with strong photoluminescence and a lasing effect at a Sn content of 
≈ 12.5 𝑎𝑡. % [27]. 
A review of some growth techniques, that are currently commonly used, was given in 
section 1.3.2. All of these techniques such as MBE [30-32] and CVD [27,35,36] have 
some limitations in terms of industrial applicability (MBE) or the stability of the 
precursors and the process (CVD). Alternatively, ion-beam synthesis combined with 
nanosecond pulsed laser melting (PLM) can also provide a condition far from 
equilibrium [77] for achieving supersaturated Sn concentrations in Ge. A review of ion 
beam synthesis of Ge-Sn alloys was also given in section 1.3.3, in which the maximum 
Sn concentration achieved to date is < 1.5 𝑎𝑡. % [52]. 
In this chapter, the possibility of using ion-beam synthesis to produce a highly Sn 
concentrated GeSn alloy, with 6.2 𝑎𝑡. %𝑆𝑛, will be demonstrated. It also explores the 
limits to producing high Sn content alloys such as porosity to Ge induced by the 
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implantation and sputter erosion. This chapter is based on our published work of Ref. 
[78]. 
3.2 Experiments 
The starting material was a p-type (Ga doped) (100) Ge substrate, 𝜌 = 0.01 − 0.1 Ω ∙
cm. The samples were implanted with 120Sn- ions at 100keV. To help in suppressing 
porosity in implanted Ge, all of the implants were performed at liquid nitrogen 
temperature (LN2T, 77 𝐾). Previously, implanting at LN2T has been demonstrated to 
effectively eliminate the porous structure during implantation in high dose cases such as 
from 4 ∙ 1015𝑖𝑜𝑛 ∙ 𝑐𝑚−2 for 280 keV 209Bi [79] and up to 1 ∙ 1017𝑖𝑜𝑛 ∙ 𝑐𝑚−2 for several 
hundred keV 
74
Ge [80]. However Bruno et al. demonstrated that Ge implanted with Sb 
at a dose of 6 ∙ 1015 𝑖𝑜𝑛 ∙ 𝑐𝑚−2 forms a honeycomb structure even at LN2T [81] and, 
therefore, in the current study the onset of possible porosity needs to be examined. 
Different Sn implant doses were used from 1.3 to 2.1 ∙ 1016 𝑖𝑜𝑛 ∙ 𝑐𝑚−2. As calculated 
by SRIM, these doses could, in principle, introduce 7.2 − 11.6 𝑎𝑡. %𝑆𝑛 in Ge, which 
may be sufficient for achieving a direct bandgap alloy, depending on the level of strain 
in the alloy. The as-implanted Ge1-xSnx samples were then recrystallised by a single 
nanosecond laser pulse with a fluence of 0.43 𝐽 ∙ 𝑐𝑚−2 from a frequency tripled 
Nd:YAG laser (355 𝑛𝑚, 9 𝑛𝑠 𝑑𝑢𝑟𝑎𝑡𝑖𝑜𝑛). In-situ time resolved reflectivity 
measurement indicated a melt duration of 53 − 66 𝑛𝑠, which was then used to estimate 
the solidification speed of about 7 − 10 𝑚 ∙ 𝑠−1, according to numerical solutions of the 
heat equation [82] and as indicated in section 2.3. 
Rutherford backscattering spectroscopy (RBS) with a 2 𝑀𝑒𝑉 He+ ion beam was used to 
determine the impurity concentration, the crystallinity and the Sn substitutionality in the 
samples. Raman spectroscopy was used to study the crystallinity post-PLM, specifically 
to detect bonding arrangements such as Sn-Sn, Sn-Ge and the Ge-Ge. These vibration 
modes indicate the strain in the lattice, the crystallinity (indirectly) and the 
substitutionality of Sn as indicated in section 2.2.1.3. These details are important in the 
progression towards a direct bandgap semiconductor. A He-Ne laser source of a 
Renishaw 2000 micro-Raman instrument with a 1200 𝑙/𝑚𝑚 grating provides a 
wavelength of 633 𝑛𝑚 and a focused beam diameter of approximately2 𝜇𝑚. It is 
noteworthy that the penetration depth of the 633 𝑛𝑚 laser into Ge is about 30 to 40 𝑛𝑚 
[83], so only information from within the Ge1-xSnx layer is obtained without 
contributions from the underlying substrate. X-ray diffraction (XRD) was conducted 
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with a conventional PANalytical’s diffractometer. Both coupled 𝜔/2𝜃 scan and 
reciprocal space mapping were used to study strain characteristics in these samples. 
Detail of the XRD characterisation and the system can be found in section 2.2.1.2. 
Finally, transmission electron microscopy (TEM) was undertaken on some samples of 
interest. The TEM sample lamellae were prepared by the focused ion beam thinning 
technique (FIB) to electron transparency, as detailed in 2.2.1.4. Due to the behaviour of 
Ge under ion irradiation, Ge can become porous during the milling process; hence, extra 
care was taken during the TEM sample preparation such as using a very low angle ion 
beam and low beam current for final thinning. TEM micrographs were acquired on a 
Phillips CM 300 instrument with an accelerating voltage of 300 𝑘𝑉 under bright field 
mode. 
For characterisation of the optical properties and subsequently the electronic band 
structure, spectroscopic ellipsometry (SE) was used as indicated in section 2.2.2.1. This 
technique is capable of characterising optical transitions beyond the band edge. As 
indicated in section 2.2.2.1, investigating the optical transition at the Γ valley by SE is 
particularly important as it is a major region of interest for Sn doping of Ge. The 
incident angle of the beam was 75∘, around Brewster’s angle, to make the measurement 
more sensitive to minor changes in the polarization. 
3.3 Results 
3.3.1 Structural properties 
In Fig. 3.1, RBS/C data are shown. The RBS spectrum of the highest dose sample 
(2.1 ∙ 1016 ion ∙ cm−2) after implantation (dot red) shows a clear Sn signal separated 
from the Ge signal. Simulation using the SIMNRA code [59] demonstrated that around 
6.6 𝑎𝑡. %𝑆𝑛 was retained in Ge after implantation, as shown in the RBS channelled 
(RBS/C) spectrum. However, this concentration represents only 60% of the implanted 
Sn, which is believed to be a result of substantial sputtering of the surface during Sn 
implantation. In fact, according to a SRIM simulation of a 100 𝑘𝑒𝑉 Sn implant into a 
Ge-Sn alloy of 7 𝑎𝑡. % 𝑆𝑛, the sputtered yield of Sn atoms by the Sn ions is 
~0.41 𝑎𝑡𝑜𝑚/𝑖𝑜𝑛. In other words, for every 10 Sn ions implanted, 4 Sn atoms are 
sputtered off the sample. This indicates that good agreement is obtained from the RBS 
results and SRIM in terms of Sn retention. The fitting procedure also gives information 
on the thickness of the amorphous layer which is about 110 𝑛𝑚 taken from the width of 
the disorder peak in the Ge part of the channelled spectrum. Knowledge of the 
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amorphous layer thickness was used to determine an optimal laser fluence that would 
cause melting beyond the amorphous region and result in good epitaxial resolidification 
from the underlying crystalline Ge substrate, as outlined in section 2.3. 
 
Fig. 3.1: RBS/C spectrum of the as-implanted 2.1 ∙ 1016 𝑐𝑚−2 sample (dot-red) 
(6.6 𝑎𝑡. % 𝑆𝑛), random spectrum of the 2.1 ∙ 1016 𝑐𝑚−2 sample (dash-dot-black) following 
PLM (6.2 𝑎𝑡. %), and RBS/C spectra of the 1.3 ∙ 1016  (~4 𝑎𝑡. % 𝑆𝑛) to 2.1 ∙ 1016 𝑐𝑚−2 
samples following PLM. The area of the Sn profile is expanded 1.5 times for clarity. 
To investigate the impurity distribution of the film after PLM, both RBS/random and 
RBS/C spectra were acquired as shown in Fig. 3.1. In the random spectrum (dot-dash 
black), the Sn profile of the highest dose sample (2.1 ∙ 1016 𝑖𝑜𝑛 ∙ 𝑐𝑚−2) is shown to 
spread out and skew towards the surface due to the redistribution of Sn in the liquid 
state during PLM. However, there is no noticeable segregation of Sn to the surface. 
Using SIMNRA, the peak Sn concentration in Ge is estimated to be 6.2 𝑎𝑡. %, 12 times 
higher than the solid solubility limit. The proportion of Sn in solid solution with Ge can 
be found by comparing the random and the corresponding channelled spectrum (dot-
dash brown). The method given in [84] and in section 2.2.1.1 can be used to find the 
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soluble Sn fraction (substitutionality), which is close to 97%. This result shows that the 
combination of ion implantation and PLM is a promising method to realise a crystalline 
Ge1-xSnx alloy with high Sn content. 
RBS/C spectra of several samples with increasing implant dose after PLM, as well as 
that of the pristine substrate, are also presented in Fig. 3.1 and show very low RBS/C 
scattering yield from Ge.  This indicates good crystal recovery in these samples. As in 
Table 4, the calculated substitutionality of Sn in the lattice of all samples is close to 
100%. Although the crystallinity is close to that of the pristine substrate, there is a 
small increasing scattering yield for the higher dose samples. This higher RBS/C yield 
in Ge with higher implant doses may not only be related to increasing Sn content in the 
GeSn layer but also can indicate residual defective regions that will be further studied 
later in this chapter. 
Table 4: Substitutionality of Sn in Ge as calculated from the RBS data, full width at half 
maximum (FWHM) and peak position of the 1st Ge-Ge mode as determined from the 
Raman spectroscopy data. 
Samples Substitutionality 
(RBS), % 
FWHM of the 1
st
  
Ge-Ge mode  
Central position of 
 the 1
st
 Ge-Ge mode, cm
-1
  
Pristine − 4.8 300.7 
1.3 ∙ 1016 98.7 5.8 300.2 
1.5 ∙ 1016 99.6 5.4 300 
1.7 ∙ 1016 98.5 6.6 299.6 
1.9 ∙ 1016 97.7 6.6 299.6 
2.1 ∙ 1016 96.6 7.2 299.3 
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Fig. 3.2: Raman spectroscopy spectra of samples with implant doses from 1.3 ∙ 1016 𝑖𝑜𝑛 ∙
𝑐𝑚−2 (~4 𝑎𝑡. % 𝑆𝑛) to 2.1 ∙ 1016 𝑖𝑜𝑛 ∙ 𝑐𝑚−2 (6.2 𝑎𝑡. % 𝑆𝑛) after PLM. The y-axis is 
truncated from 0.2 to 0.9 to clearly show smaller peaks.  Inset (a) is the magnified region 
around the Ge-Sn phonon mode. Inset (b) is the magnified region of the 1st Ge-Ge phonon 
mode. 
Fig. 3.2 is a compilation of the Raman spectra of all samples. Several major vibrational 
modes can be clearly recognised in the figure, such as the Sn-Sn (187 𝑐𝑚−1), the first 
order Ge-Ge (300.7 𝑐𝑚−1), the second order Ge-Ge (568 𝑐𝑚−1) and particularly the 
Ge-Sn modes (261 𝑐𝑚−1). The phonon mode of Ge-Sn at the wavenumber of 
261 𝑐𝑚−1 is very well defined. This phonon mode, which represents the incorporation 
of Sn substitutionally within the Ge lattice, increases in magnitude with the Sn implant 
dose (inset (a)). In this figure, the spectrum for pristine Ge was included as a reference. 
The longitudinal optical (LO) phonon mode of Ge-Ge in this spectrum is situated at the 
wavenumber of 300.7 𝑐𝑚−1 and has a full width half maximum (FWHM) of 4.8 𝑐𝑚−1. 
In comparison, the FWHM of the peak associated with this mode for other spectra in 
Fig. 3.2 monotonically increases with the implant dose: for example, the FWHM of the 
highest dose sample is 7.2 𝑐𝑚−1. Furthermore, as in inset (b) the asymetricity of the Ge-
Ge peak tends to increase towards lower wavenumber.  While the broadening of this 
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peak is most likely related to increasing disorder in the GeSn lattice, the asymmetry 
towards lower wavenumbers may be indicative of a shift of the mean peak position. 
Both of these effects will be further discussed later. For the Sn-Sn phonon mode, the 
increase in intensity of 2.1 ∙ 1016 𝑐𝑚−2 sample is not necessarily due to Sn 
precipitation. This might be on account of the higher implant dose in the sample.  
 
Fig. 3.3: X-ray diffraction data of some Ge1-xSnx samples following PLM. Fig. 3.3(a) is the 
symmetric coupled ω/2θ scan on the (400) planes. Fig. 3.3(b) and Fig. 3.3(c) are 
asymmetric reciprocal space maps of 1.3 ∙ 1016 𝑖𝑜𝑛 ∙ 𝑐𝑚−2 (~4 𝑎𝑡. % 𝑆𝑛) and 2.1 ∙
1016 𝑖𝑜𝑛 ∙ 𝑐𝑚−2 samples (6.2 𝑎𝑡. % 𝑆𝑛) on the (2̅2̅4) planes, respectively. 
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XRD data from the symmetric coupled ω/2θ scan of three representative samples are 
shown in Fig. 3.3(a).  For the XRD spectrum of the 1.3 ∙ 1016 𝑖𝑜𝑛 ∙ 𝑐𝑚−2 sample, 
besides the main peak from the (400) planes of the Ge substrate there are up to three 
peaks at the angle of 32.82°, 32.75° and 32.64°, originating from the Ge1-xSnx layer . In 
other words, the distance between parallel planes of the Ge1-xSnx crystal is expanded 
along the direction normal to the surface. However, the nature of the strain is not that 
expected from uniform uniaxial expansion, which would be expected to give rise to a 
series of well-defined secondary peaks (fringes) to the low angle side of the (400) 
Bragg peak [33,46]. For ion-synthesised samples the strain is non-uniform along the 
depth of the GeSn layer, which originates from a non-uniform Sn distribution due to the 
implanted Sn profile and the Sn redistribution during PLM. This leads to a broad GeSn 
Bragg peak and washed out fringes. For the highest dose sample, 2.1 ∙ 1016 𝑖𝑜𝑛 ∙ 𝑐𝑚−2, 
the XRD signal is even more obscure and less intense due to the presence of defective 
regions in the sample as briefly mentioned previously and further illustrated in the TEM 
characterisation later.  
X-ray reciprocal space maps of the 1.3 ∙ 1016 𝑖𝑜𝑛 ∙ 𝑐𝑚−2 and 2.1 ∙ 1016 𝑖𝑜𝑛 ∙ 𝑐𝑚−2 
samples are shown in Fig. 3.3(b) and Fig. 3.3(c), respectively. The maps were 
constructed by doing coupled 𝜔/2𝜃 scans at different 𝜔 offsets around the asymmetric 
reciprocal point (2̅2̅4). The red dot in the center of the map is the reciprocal lattice 
point (2̅2̅4) of the Ge substrate. Rather than an expected reciprocal point from a space 
map for a uniform uniaxially strained sample [76,85], the signal from the GeSn layer is 
found to be an elongated streak from the center of the map. This elongation of the GeSn 
signal is attributed to the vertically non-uniform distribution of Sn in the layer giving 
rise to non-uniform lattice expansion. It is also shown that the streak from the GeSn 
layer is perfectly perpendicular to the 𝑄𝑥 axis, which conventionally indicates no lattice 
expansion parallel to the surface. In other words, all samples are fully compressively 
strained normal to the surface with no lattice relaxation in other crystallographic 
directions. In terms of crystal quality, the RSM streak of the 1.3 ∙ 1016 𝑖𝑜𝑛 ∙ 𝑐𝑚−2 
sample (Fig. 3.3(b)) is sharper than that of the high dose sample (Fig. 3.3(c)), which can 
again be related to the different defect levels in the two samples.  
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Fig. 3.4: TEM micrographs of the sample at a dose of 1.7 ∙ 1016 𝑐𝑚−2 after implantation (a), 
after PLM (b), and of a sample at a dose of 2.1 ∙ 1016 𝑐𝑚−2 after implantation (c) and after 
PLM (d).  SEM micrographs of the 2.1 ∙ 1016 𝑐𝑚−2 samples after implantation (e) and after 
PLM (f) are also given for surface information of the sample.  
In the previous RBS, Raman spectroscopy and the XRD sections, most of the samples 
have been shown to have good epitaxy. Nevertheless, the data also show the lattice 
exhibits more disorder as the implant dose increases. To understand this crystal damage, 
TEM micrographs of some samples of interest have been taken. In Fig. 3.4, TEM 
micrographs of the 1.7 ∙ 1016 𝑖𝑜𝑛 ∙ 𝑐𝑚−2 (a, b) and the 2.1 ∙ 1016 𝑖𝑜𝑛 ∙ 𝑐𝑚−2 samples 
(c, d) after ion implantation and after PLM are presented. In all of the TEM images, the 
top layer is a Pt film deposited to protect the region of interest from the Ga
+
 ion milling 
beam. In the 1.7 ∙ 1016 𝑖𝑜𝑛 ∙ 𝑐𝑚−2 sample (Fig. 3.4(b)), another thin Au film was also 
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coated prior to the Pt deposition to prevent charging in the FIB. For the 1.7 ∙
1016 𝑖𝑜𝑛 ∙ 𝑐𝑚−2 dose case, after the Sn implantation the thickness of the amorphous 
layer was about 110 𝑛𝑚, which is approximately similar for all other samples. After the 
PLM process, the 1.7 ∙ 1016 𝑖𝑜𝑛 ∙ 𝑐𝑚−2 sample recrystallised very well, as shown in 
Fig. 3.4(b).  However, more careful examination along TEM lamellae occasionally 
showed small defective regions close to the surface. The dark blotches within the 
substrate are believed to be artefacts from the FIB process as these blotches are evenly 
distributed across the whole TEM lamella and extend far beyond the Ge1-xSnx region 
(>  500 𝑛𝑚 depth). The GeSn crystal region has high quality up to the 1.9 ∙ 1016 𝑖𝑜𝑛 ∙
𝑐𝑚−2 dose sample (not shown), but the regions of damage occur more often at the 
surface of the samples at the higher doses. This surface damage becomes more obvious 
on the 2.1 ∙ 1016 𝑖𝑜𝑛 ∙ 𝑐𝑚−2 sample as shown in Fig. 3.4(d) in which the layer of good 
quality epitaxy is interrupted by these disordered regions. Despite the presence of the 
defective regions in the samples, this damage is localised to small volumes at the 
surface, and the remainder of the GeSn layer exhibits good crystal quality. These 
disordered surface regions appear to be correlated with occasional pits observed 
following implantation as shown in Fig. 3.4(c). In other words, the quality of the film 
depends largely on preventing this surface damage formation which is related to the 
onset of porosity (pitting) during implantation even at LN2T. For optoelectronics 
applications, a solution for this issue is necessary as a high quality crystal is required.  
More detailed study on the porosity in Ge will be presented in chapter 4. 
3.3.2 Optical behaviour 
In Fig. 3.5 the imaginary part of the dielectric function < 𝜀2 > of pristine Ge and 
several other PLM treated samples obtained by spectroscopic ellipsometry is shown. 
This effectively represents the optical absorption in the material as a function of photon 
energy. Several maxima indicating specific band to band optical transitions are clearly 
shown and labelled according to the band structure of Ge (Fig. 2.20(a)). The first peak 
𝐸2 at about 4.2 𝑒𝑉 is attributed to a number of different transitions such as along the 𝑋 
or 𝛴 directions or from a region in the 𝛤-𝑋-𝑈-𝐿 plane [86]. The 𝐸0
’  peak is attributed to 
the transition from the 𝛤25’ point of the valence band to the 𝛤15 point of the conduction 
band; the 𝐸1 and 𝐸1 + 𝛥1 peaks, which are assigned to the transitions along the 𝛬 
direction in the Brillouin zone, are particularly interesting and will be discussed in more 
detail in the discussion section. 
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Fig. 3.5: Imaginary part of the dielectric function from spectroscopic ellipsometry 
measurement. 
Finally, the 𝐸0 transition is from the top of the valence band to the bottom of the 
conduction band at the Γ direction. The 𝐸0 transition directly indicates the tendency of 
the material towards the direct bandgap alloy as Sn content increases. With the 
introduction of Sn, the bandgap at 𝐸0 is expected to shrink, which is able to be detected 
by the position of the 𝐸0 transition in Fig. 3.5. Optical behaviour of the samples with 
respect to the introduction of Sn into the Ge lattice will be discussed in more detail in 
the discussion section. 
3.4 Discussion  
In the previous sections, it has been clearly demonstrated that there is a significant 
amount of Sn situated substitutionally in the Ge lattice. Such evidence was presented by 
both the RBS data and the Ge-Sn phonon mode of the Raman spectra. Subsequently, 
due to this incorporation of Sn, the GeSn lattice is strained normal to the surface as 
shown by both the (400) 𝜔/2𝜃 XRD scans and the (2̅2̅4) XRD/RSM maps. Such 
substitutional Sn content should be reflected as a Raman shift of the LO Ge-Ge peak, 
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according to the following formula [87]: ∆𝜔 = 𝑎𝜒 + 𝑏𝜀∥. The coefficients a, b are for 
the concentration and the strain, respectively, whereas 𝜒, 𝜀∥ are the Sn concentration and 
the strain parallel to the surface, respectively. For a fully strained GeSn layer as in our 
samples, an equation for the total shift can be simplified as ∆𝜔 = −30.3𝜒 [88]. Since 
the highest dose sample has a peak concentration 𝜒𝑝𝑒𝑎𝑘 of about 6.2 𝑎𝑡. %, the total 
expected shift can be estimated to be 1.88 𝑐𝑚−1. However, such a shift of the phonon 
mode is not clearly observed in the inset (b) of Fig. 3.2, rather an increase in the 
asymmetry of the peak towards lower frequency and a distinct broadening are observed. 
This is probably a result of the following influences.  Firstly, the penetration depth of 
the laser beam is about 1/4
th
 – 1/3rd of the Sn layer and hence the Raman data is 
dominated by near-surface structure, where some defective regions exist as shown in the 
TEM. Hence, damage within the near surface layer and associated broadening of the 
Raman peak will tend to mask any peak shift. Secondly, the resolution of the Raman 
spectroscopy system is about 1.9 wavenumbers and hence it is not possible for the 
system to accurately record the expected shift of 1.88 𝑐𝑚−1. Nevertheless, if the center 
of the peak is considered rather than peak maxima, a total shift of 1.4 𝑐𝑚−1 can be 
determined as shown in Table 4.  Thus, taking account of the issues with Raman 
analysis of the GeSn layer, the trend in the Raman data is consistent with the XRD 
strain data.   
In the TEM analysis section (Fig. 3.4), together with regions of good quality epitaxy, 
some damaged regions are observed close to the surface of the GeSn layer and such 
disorder increases at the highest Sn doses. We consider two possible origins of these 
defects: possible aggregation or precipitation of Sn during the final stages of 
solidification; and damage introduced in the near-surface during heavy ion 
bombardment. Aggregation or precipitation of Sn does not appear to be a likely 
explanation because the defective regions appear close to the surface in Fig. 3.4, 
whereas the Sn does not exhibit strong surface segregation and, in any case, is almost 
entirely substitutional. In terms of possible disorder introduced by ion implantation, the 
TEM image in Fig. 3.4(c) of the as-implanted 2.1 ∙ 1016𝑖𝑜𝑛 ∙ 𝑐𝑚−2 sample clearly 
shows a surface pit within the amorphous layer having dimensions of about 400 𝑛𝑚 in 
width and 50 𝑛𝑚 in depth. These dimensions are close to that of the defects in Fig. 
3.4(d). Complementarily, in the SEM micrographs of this sample, a similar distribution 
of dark regions exists after PLM (Fig. 3.4 (f)) that corresponds to the pit distribution 
after implantation (Fig. 3.4 (e)).  Hence, this might suggest that the defects in the 
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crystalline Ge1-xSnx film following PLM originated from damage introduced by the ion 
implantation. Even though a previous study by Bruno et al. shows that a porous 
structure can be largely removed during PLM, in our case we observed that large pits 
cannot be eliminated during PLM. Since the gross surface disorder that we observe 
appears only in the highest dose sample, it is not a result of non-uniformity of the laser 
intensity and we suggest that the pit morphology in the 2.1 ∙ 1016 𝑖𝑜𝑛 ∙ 𝑐𝑚−2 sample is 
consistent with the onset of a porous structure in Ge occurring during the implantation 
at LN2T, as we show more definitively in chapter 4. 
In spite of having the issue with porosity, the present characterisation data show that ion 
beam synthesis can be an effective method to produce highly Sn concentrated GeSn 
alloys with good crystal quality. The achievable Sn concentration in this study is 
6.2 𝑎𝑡. %, somewhat comparable with other techniques such as MBE and CVD that can 
achieve from 7 − 12 𝑎𝑡. % [27,89]. The maximum Sn concentration we have achieved 
is also quite close to that required for a direct bandgap transition (no strain) [23].  
Because the Sn atoms occupy substitutional lattice sites, as shown in RBS and Raman 
spectroscopy, it is important to study the effect of these substitutional Sn atoms on the 
optical behaviour and band structure of Ge. For the ellipsometry data, Fig. 3.5 shows 
that the transitional peaks at the critical points 𝐸1, 𝐸1 + 𝛥1 and 𝐸2 decrease and broaden 
with increasing implant dose. Due to this broadening, the exact position of the 
transitions with respect to the photon energy becomes harder to identify. To improve the 
accuracy of this identification, numerical second derivatives of these spectra were taken 
because this implementation is well known to reduce the influence of the background 
and to deconvolute overlapping signals, as indicated earlier in section 2.2.2.1. For 
example, this implementation is commonly used in signal processing of spectroscopic 
data and referred to as derivative spectrophotometry [90].  
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Fig. 3.6: Numerical 2nd derivatives of the imaginary parts of the dielectric function of 
various samples as indicated by the legend. In the dotted boxes are the regions of interest 
at 𝑬𝟎 and 𝑬𝟏 critical points. 
Fig. 3.6 presents the numerical 2
nd
 derivatives of the imaginary part of the dielectric 
function for various samples. The transition peaks of the spectra are now very well 
defined and the background intensity is greatly suppressed around the abscissa axis. The 
peak position values of the pristine sample are listed in Table 5 and compared with data 
from other reports [91].  These data from the present study are reproducible and in very 
good agreement with data for Ge in the literature. 
Table 5: Photon energies of several important optical transitions of the pristine Ge and 
reference data for comparison. 
Critical  points Transitions Measured data, eV Reference data, eV [91] 
𝐸0 𝛤25’ – 𝛤2’ 0.82 0.8 
𝐸1 𝛬3 –  𝛬1 2.12 2.11 
𝐸1 + 𝛥1 2.33 2.32 
𝐸2 𝛸4 – 𝛸1 
𝛴2 – 𝛴3 
𝛤 –  𝛸 –  𝑈 –  𝐿 
4.25 4.12 
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In terms of the E1 and E2 transitions, we first discuss an excitonic effect.  We note that 
the characteristics of the transition peaks in Fig. 3.6 drastically change as the amount of 
Sn incorporated into the lattice increases. In both 𝐸1 (including 𝐸1 + 𝛥1) and 𝐸2 
transitions, all peaks shift to lower photon energy and the amplitude of the peak 
significantly reduces, whereas the peak becomes broader. For the 𝐸1, 𝐸1 + 𝛥1 
transitions, the sharp drop-off of the peak intensity has been intensively studied since 
the 1960s, for example by del Castillo-Mussot et al. [92]. In that paper, the authors 
concluded that the electron-hole interaction, i.e. the excitonic effect, plays an important 
role in the behaviour of these transitions, particularly for 𝐸1 and 𝐸1 + 𝛥1, where the 
effect increases the strength of these transitions. In other words, the decreasing 
amplitude of these transitions is due to a reduction in the excitonic effect in the 
structure. Similarly, in other reports [86,93,94], the authors concluded that the 
significant change in the transitions at 𝐸1 and 𝐸1  + 𝛥1 is most characteristic of an 
excitonic-induced reduction in their vicinity, although this effect has not specifically 
been studied in GeSn alloys. Further studies would be necessary to confirm this 
suggestion. 
For the region around 𝐸2, because the nature of this transition is more complicated, as a 
result of being assigned to different regions in the band structure (see Table 5), it was 
not possible to conclude whether the decreased intensity of this transition is due to the 
reduction in the excitonic effect or not [86]. However, a possible reason for the 
reduction of the 𝐸2 peak can be found in Fig. 3.5. While the 𝐸1 and 𝐸1 + 𝛥1 peaks have 
the correct relative intensity as compared to well established references [86,91,95], the 
relative intensity of the 𝐸2 peak is lower by about a factor of 5. This is symptomatic of 
either an oxide of about 1 𝑛𝑚 thickness or nanoscopic roughness on the surface [95]. 
The latter is more likely the case as all samples went through a cleaning process, 
including several solvents and deionised water, which can remove water-soluble Ge 
oxides. The nanoscopic roughness can be a result of the fabrication processing such as 
high dose ion implantation and PLM as indicated by the TEM. 
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Fig. 3.7: Optical transition at the critical point 𝑬𝟎 of the pristine sample and of samples at 
doses of 1.3 ∙ 1016 𝑖𝑜𝑛 ∙ 𝑐𝑚−2 (~4 𝑎𝑡. % 𝑆𝑛) to 2.1 ∙ 1016 𝑖𝑜𝑛 ∙ 𝑐𝑚−2 (6.2 𝑎𝑡. % 𝑆𝑛). 
Treating now the transition at 𝐸0, we note that it is assigned to the optical transition 
from the top of the valence band to the bottom of the conduction band at the Γ valley 
(Table 5). This transition is very well documented in the literature as having an energy 
level of about 0.81 𝑒𝑉 as shown in Fig. 3.7 (𝐸01). With the introduction of Sn into the 
lattice, the spectra of the Ge1-xSnx samples clearly show an additional peak at energy of 
about 0.77 𝑒𝑉 (𝐸02). The additional peak 𝐸02 can be explained as a result of the 
lowering of the Γ valley of the conduction band due to the incorporation of Sn, whereas 
the 𝐸01 is from the underlying Ge substrate. This is the case expected in our study 
because it shows the transformation towards the direct band gap material. However, the 
degree of the band gap shrinkage from 0.81 𝑒𝑉 to 0.77 𝑒𝑉 is smaller than it is supposed 
to be at the Sn concentration of ~6 𝑎𝑡 %. This might suggest that the measured 
compressive strain already has a negative impact on the material. As shown in the 
literature, such as in Ref. [23], compressive strain changes the band structure in a way 
that requires higher Sn concentration for the direct bandgap transition. Therefore, it is 
critical to have an effective method to release this undesirable strain.       
Finally, we find that, at the 𝐸02 transition, the strength of the optical transition is 
progressively enhanced with increased level of Sn incorporation. In comparison, the 
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intensity of the 𝐸02 for the 2.1 ∙ 10
16 𝑖𝑜𝑛 ∙ 𝑐𝑚−2 sample is increased at least 2.5 times 
as compared to the 1.3 ∙ 1016 𝑖𝑜𝑛 ∙ 𝑐𝑚−2 sample. Although at the level of 6.2 𝑎𝑡. %𝑆𝑛, 
one would not expect to achieve a direct bandgap alloy, the present material may be 
applicable for a photodiode operating at the 𝐿 band wavelength (𝜆 = 1.56 – 1.62 𝜇𝑚 or 
𝐸𝑝ℎ𝑜𝑡𝑜𝑛 = 0.77 –  0.79 𝑒𝑉) of the optical communication network as has been 
suggested previously in [96,97]. 
3.5 Concluding remarks  
In this chapter, the combination of ion implantation and PLM has been demonstrated to 
be a feasible method to fabricate a single crystalline Ge1-xSnx alloy with up to 
6.2 𝑎𝑡. %𝑆𝑛 of good crystal quality. This concentration is 12 times higher than the 
equilibrium solubility of Sn in Ge at ambient temperature and 4 times higher than the 
previous highest values reported in the literature for ion beam synthesis of GeSn alloy 
[52]. It is also demonstrated that the reduction of the crystallinity at the highest Sn 
concentration is a consequence of the onset of pitting (porosity) in the Ge substrate 
during the implantation process. These results highlight the importance of suppressing 
the occurrence of pores so that the crystal quality of the alloy is sufficient for 
optoelectronics applications. This aspect is addressed in chapter 4. 
Finally, the crystalline Ge1-xSnx samples were characterised with the spectroscopic 
ellipsometry technique which revealed a reduction in the excitonic effect represented by 
a sharp drop-off of the 𝐸1 and 𝐸1 + 𝛥1 transitions. An additional transitional peak at the 
energy of 0.77 𝑒𝑉 and a substantial enhancement of optical transition activity in the 
vicinity can be explained by the lowering of the conduction band at the Γ valley with 
increasing Sn content. These properties of the alloy indicate the possibility of 
fabricating a working photodiode operating at the 𝐿 band of the optical communication 
network [96]. However, the compressive strain is not ideal and some strain relaxation 
without introducing (misfit) defects is desirable. This subject will be addressed in 
chapter 6. Thermal stability is an important property for metastable material, such as 
this Ge-Sn alloy. This issue will be also presented later in chapter 5.  
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4 
Suppression of ion-implantation induced porosity in 
germanium  
4 Suppression of ion-implantation induced porosity in 
germanium 
4.1 Introduction 
In chapter 3, we indicated that even at LN2T microstructural features developed at 
moderate Sn implant doses and suggested the onset of porosity. This effect, as well as 
sputter erosion, limits the Sn concentration that can be achieved in Ge to around 
6 𝑎𝑡. %. In terms of the onset of porosity, room temperature implantation of a range of 
species, even at moderate doses as low as 1 ∙ 1015 𝑖𝑜𝑛 ∙ 𝑐𝑚−2, has been shown to cause 
undesirable microstructural features such as surface craters or roughness [98,99]. These 
morphological features that develop under heavy ion bombardment relate to the 
development of porosity in implanted Ge and are irreversible. They cannot be removed 
by conventional solid phase epitaxial regrowth techniques [79,98] and, as we illustrated 
in chapter 3, PLM cannot effectively eliminate gross microstructural disorder. Such 
surface pitting and porosity clearly need to be overcome in order to effectively increase 
the Sn content above 6 𝑎𝑡. %. 
It has previously been found that irradiation-induced porosity is favoured in the range of 
implant temperatures between ~ − 80℃ and ~200℃ [80,100,101]. The onset of 
porosity can be generally suppressed by undertaking implants outside of this 
unfavourable temperature window. At elevated temperatures above 200℃, the Ge 
substrate remains crystalline due to the recombination of mobile vacancies and 
interstitials: it is not rendered amorphous and hence porous [79,80]. Indeed, it has been 
shown that porosity initiates only in a-Ge, hence only implant temperatures that result in 
a-Ge show porosity [80,100]. However, for implant elements with high diffusivity 
and/or limited solubility in Ge, notably Sb and Sn, high temperature implantation makes 
Suppression of ion-implantation induced porosity in germanium 
 
76 
 
  
it difficult to control the impurity profiles as a result of enhanced diffusion. 
Furthermore, preserving a non-equilibrium process for Ge-Sn synthesis is impractical at 
elevated temperature. At implant temperatures lower than −80℃, it is expected that 
porosity can be suppressed or pushed to a higher dose due to the suppression of 
migration and clustering of vacancies in a-Ge[79,80,100]. In the case of LN2T 
implantation of Ge in Ge, for example, porosity does not occur up to doses exceeding 
1.0 ∙ 1017 𝑖𝑜𝑛 ∙ 𝑐𝑚−2. However, for LN2 implantation of heavier elements such as Sb or 
Sn, the onset of porosity occurs above about 7 ∙ 1015 𝑖𝑜𝑛 ∙ 𝑐𝑚−2 and 2.0 ∙ 1016 𝑖𝑜𝑛 ∙
𝑐𝑚−2, respectively, thus limiting obtainable impurity concentrations in Ge [78,81].  
In chapter 3, porosity in Ge is shown to be irreversible: it is not possible to fully recover 
the lattice structure by either solid phase [79,98] or liquid phase epitaxial regrowth. As a 
result of these complications, studies on suppression of porosity in Ge in the high dose 
regime are of utmost importance for the potential use of the material in advanced 
applications. Nevertheless, Ge porosity studies so far have focused on the physical 
mechanism or the implant conditions under which porosity occurs [100,101]. Little is 
known about possible ways to prevent or delay the onset of porosity, which is the main 
focus of the current study. 
In this chapter, we illustrate the limit that porosity imposes on the retained implant 
concentration and demonstrate a simple and yet effective solution to drastically suppress 
the formation of porosity during Sn implantation at LN2 temperature. In particular, a 
nanometer SiO2 capping layer is demonstrated to largely eliminate ion-beam induced 
porosity at LN2 temperature. The dependence of the capping layer’s effectiveness on 
substrate temperature during implantation will also be presented. This chapter is based 
on the results of Ref. [92] and a part of Ref. [93]. 
4.2 Experiments 
Before implantation, selected Ge substrates were deposited with ~40 𝑛𝑚 of silicon 
dioxide (SiO2) by plasma enhanced chemical vapour deposition. The encapsulation 
layer thickness was chosen to be thick enough to survive its gradual erosion by the ion 
beam at high dose. To ensure that pristine and capped Ge substrates were implanted 
under the exact same conditions, both samples were placed adjacent to each other on the 
implant sample holder. The implantation of Sn was conducted with a low energy 
implanter at energies of 100 − 120 𝑘𝑒𝑉 at LN2 temperature and doses up to 5 ∙
1016 𝑖𝑜𝑛 ∙ 𝑐𝑚−2 with an ion flux of 1.4 ∙ 1013 𝑖𝑜𝑛 ∙ 𝑐𝑚−2 ∙ 𝑠−1. According to the 
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Stopping and Range of Ions in Matter simulation (SRIM), the projected range of the Sn 
ions in Ge is 34.6 𝑛𝑚 and the peak concentration of Sn is ~14% for an implant of 
3 ∙ 1016 𝑖𝑜𝑛 ∙ 𝑐𝑚−2 at 100 𝑘𝑒𝑉, where the density of bulk Ge of 4.41 ∙ 1022 𝑎𝑡𝑜𝑚 ∙
𝑐𝑚−3 was used to calculate the Sn concentration (Fig. 2.4). Physical characterisation of 
the as-implanted samples was carried out using a stylus profilometer, Rutherford 
backscattering spectrometry (RBS), scanning electron microscopy (SEM) and 
transmission electron microscopy (TEM).   
4.3 Use of SiO2 capping for LN2 temperature implantation 
In Fig. 4.1, we illustrate the effect of the onset of porosity on the impurity concentration 
(as measured by RBS) for 100 𝑘𝑒𝑉 Sn implanted Ge at LN2 temperature (square-green). 
For uncapped Ge, beyond about 2 ∙ 1016 𝑖𝑜𝑛 ∙ 𝑐𝑚−2, near-surface morphological 
changes begin to occur with the initial formation of shallow pits that grow deeper with 
higher implant dose as shown in chapter 3. At a dose of 3 ∙ 1016 𝑖𝑜𝑛 ∙ 𝑐𝑚−2, a sponge-
like structure (see SEM inset in Fig. 4.1) fully develops with a significantly increased 
surface area, which then further enhances the sputtering of the structure and the loss of 
the implanted Sn. Thus, the combination of porosity and sputtering in Ge has a 
pronounced impact on the achievable Sn concentration.  
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Fig. 4.1: A plot showing the variation of peak Sn concentration as a function of implant 
dose at the implant energy of 100 𝑘𝑒𝑉 without a cap (square-green) and at 120 𝑘𝑒𝑉 with a 
cap (triangle-red). Inset figure is a SEM micrograph of the 3 ∙ 1016 𝑖𝑜𝑛 ∙ 𝑐𝑚−2 sample 
without a cap, showing a totally porous surface structure. 
Fig. 4.1 also shows the increasing Sn concentration that is measured for the case of a 
cap, where there is no observed porosity or swelling as illustrated later. In this case, the 
distribution and concentration of Sn in Ge after implantation has been characterised by 
the RBS/channelling technique, in which a 2 𝑀𝑒𝑉 4He+ beam was used for this purpose. 
In Fig. 4.2, for doses up to 4.5 ∙ 1016 𝑖𝑜𝑛 ∙ 𝑐𝑚−2, the Sn profile as measured by RBS is 
Gaussian-like and the Sn concentration increases with increasing dose as expected for a 
non-porous layer in which sputter erosion is small. The peak Sn concentration in the 
4.5 ∙ 1016 𝑖𝑜𝑛 ∙ 𝑐𝑚−2 sample, obtained by the RUMP simulation program, is ~15 𝑎𝑡. % 
which is close to 2.5 times higher than previously achieved in chapter 3. However, for 
the highest dose sample (5.0 ∙ 1016 𝑖𝑜𝑛 ∙ 𝑐𝑚−2) the surface is decidedly porous, as 
shown by the SEM image in the inset of Fig. 4.2, most likely due to the sputter removal 
of the SiO2 capping layer during the final stages of the implant. The RBS/channelling 
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spectrum of this sample is distorted and the Sn content sharply drops off to less than 
4 𝑎𝑡. % because of porosity-enhanced sputtering effects and hence excessive Sn loss.   
 
Fig. 4.2: RBS/channelling spectra of the Ge samples with capping layers, after implantation 
with 120 keV Sn- at doses from 2.5 ∙ 1016 𝑖𝑜𝑛 ∙ 𝑐𝑚−2 (7.5 𝑎𝑡. % 𝑆𝑛) to 5.0 ∙ 1016 𝑖𝑜𝑛 ∙ 𝑐𝑚−2 
(3.5 𝑎𝑡. % 𝑆𝑛). The SEM image of the 5.0 ∙ 1016 𝑖𝑜𝑛 ∙ 𝑐𝑚−2 (inset) shows a porous surface if 
the capping layer has been sputtered away. 
As a result of ion-induced porosity, there can be a significant volume expansion of the 
a-Ge layer following high dose implantation. Therefore, measuring the height difference 
between the un-implanted and the implanted regions by a stylus profilometer is a 
straightforward way to investigate porosity and its onset with dose. The employed stylus 
profilometer is a Bruker Dektak XT with the vertical accuracy of 1.1 𝑛𝑚, according to 
specification. In Fig. 4.3, we show the step height as a function of 120 𝑘𝑒𝑉 Sn- ion dose 
for samples without a SiO2 capping layer (square-red) and samples with such a layer 
(triangle-green).  A thick silicon mask was placed partly over the samples during 
implantation to give a sharp transition between the two areas. The data in Fig. 4.3 were 
acquired by scanning the stylus from the un-implanted to the implanted regions. For the 
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lowest range of the implant doses in Fig. 4.3 (stage I: dose ≤ 2 ∙ 1016 𝑖𝑜𝑛 ∙ 𝑐𝑚−2), the 
step height of the implanted capped samples is largely unchanged since there is no 
sputtering of the underlying Ge when a cap is used effectively. The step height of the 
uncapped samples, however, monotonically decreases with increasing implant dose at a 
rate of about 5.13 𝑛𝑚/1 ∙ 1016 𝑖𝑜𝑛 ∙ 𝑐𝑚−2. Sputtering is the only effect involved in this 
dose range since there is no evidence of porosity at such doses as shown in chapter 3. In 
stage II, the samples without the capping layer exhibit a significant surface expansion as 
indicated by a large increase in the step height. In spite of sputtering and surface 
erosion, the porosity dominates in this stage, giving rise to a step height that reaches 
28 𝑛𝑚, at which point it appears to saturate (3 − 4 ∙ 1016 𝑖𝑜𝑛 ∙ 𝑐𝑚−2). Beyond a dose of 
about 4 ∙ 1016 𝑖𝑜𝑛 ∙ 𝑐𝑚−2 (stage III), where porosity saturates, sputter erosion begins to 
dominate and increases with dose. Indeed, the measured step height is reduced to 
~ − 24 𝑛𝑚 below the original Ge surface. On the other hand, on the samples with the 
capping layer no volumetric expansion can be detected: the step height shows an almost 
linear reduction with dose of ~3.1 𝑛𝑚/1 ∙ 1016 𝑖𝑜𝑛 ∙ 𝑐𝑚−2, consistent with sputter 
erosion of the SiO2 cap. A simple SRIM simulation indicates a sputter erosion of SiO2 is 
of ~6.4 𝑛𝑚/1 ∙ 1016 𝑖𝑜𝑛 ∙ 𝑐𝑚−2  Essentially, the thin capping layer appears to be very 
effective at suppressing Ge pore formation. For the 5 ∙ 1016 𝑖𝑜𝑛 ∙ 𝑐𝑚−2 sample, 
volumetric expansion can again be detected since the cap has been partly sputtered off 
and Ge is rendered porous. It is noteworthy that the use of a SiO2 cap in Ge implantation 
studies has been previously reported [98]. However, the effect of the cap in suppressing 
porosity was unclear from this earlier study as the data showed almost no morphological 
differences between samples with the cap and samples without the cap, presumably 
because the implantation in that experiment was done at RT. In fact, our data indicate 
that the cap is not as effective as the implant temperature increases, as shown later in 
this chapter. 
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Fig. 4.3: Height differences between the un-implanted and implanted regions as a function 
of implant dose for the samples without a capping layer (square-red) and samples with a 
capping layer (triangle-green). The stylus was scanned from the unimplanted area to the 
implanted area. 
Further investigation of the samples was conducted by using electron microscopy 
analysis (SEM and TEM) on selected samples of interest. In Fig. 4.4, electron 
micrographs of the 3.0 ∙ 1016 𝑖𝑜𝑛 ∙ 𝑐𝑚−2 samples without a SiO2 capping layer (Fig. 
4.4(a. b)) and with a capping layer (Fig. 4.4(c, d)) are presented for comparison. SEM 
and TEM micrographs of the 4.0 ∙ 1016 𝑖𝑜𝑛 ∙ 𝑐𝑚−2 sample are also given in (Fig. 4.4(e. 
f)). The samples without the cap clearly formed a sponge-like structure on the surface 
(Fig. 4.4(a)), indicating extensive porosity at this dose. The cross-sectional TEM 
(XTEM) image of the same sample (Fig. 4.4(b)) shows that the porous region extends 
from the surface to a depth of more than 130 𝑛𝑚, along with an underlying layer of a-
Ge (~80 𝑛𝑚). The transition from a-Ge to near-surface porosity leads to several orders 
of magnitude increase in the surface area which subsequently enhances the sputtering 
effect and reduces the retained Sn concentration to a few 𝑎𝑡. % (Fig. 4.1).  
In contrast, the introduction of a capping layer on the Ge substrates has completely 
suppressed porosity at a Sn dose of 3.0 ∙ 1016 𝑖𝑜𝑛 ∙ 𝑐𝑚−2. The samples showed a 
perfectly smooth surface (after removal of any residual SiO2 capping layer by dipping 
Suppression of ion-implantation induced porosity in germanium 
 
82 
 
  
the samples into hydrofluoric acid for 20 seconds) with no sign of surface roughness or 
craters (Fig. 4.4(c, d). However, Fig. 4.4(d) shows a band of small voids at about 50 𝑛𝑚 
below the surface. We suggest that these voids arise from the coalescence of vacancies 
produced at the depth of the maximum vacancy production in a-Ge.  
 
Fig. 4.4: Plan-view SEM micrographs (left figures) and cross-section TEM (XTEM) (right 
figures) micrographs of the 3.0 ∙ 1016 𝑖𝑜𝑛 ∙ 𝑐𝑚−2 samples as-implanted without capping 
layer (a, b) and with a 40 𝑛𝑚 capping layer (c,d). Fig. (e, f) is for the 4.0 ∙ 1016 𝑖𝑜𝑛 ∙ 𝑐𝑚−2 
sample. The capping layer has been removed on all samples before imaging. 
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As the implant dose is increased up to 4.0 ∙ 1016 𝑖𝑜𝑛 ∙ 𝑐𝑚−2, the capping layer is still 
effective in suppressing the formation of the near-surface porous structure as shown in 
Fig. 4.4(e, f). The only difference between the 3.0 ∙ 1016 𝑖𝑜𝑛 ∙ 𝑐𝑚−2 and 4.0 ∙ 1016 𝑖𝑜𝑛 ∙
𝑐𝑚−2 samples is that the band of nanometer voids increases in diameter with higher 
implant dose. This might be another evidence of the coalescence of the vacancies. The 
higher density of vacancies at higher implant dose leads to a larger volume of pores. 
Another advantage of a low mass capping layer such as SiO2 is minimization of 
impurity loss due to sputtering. According to SRIM [59], this can reduce the sputter 
yield of Sn in Ge from 0.44 𝑆𝑛 𝑎𝑡𝑜𝑚 ∙ 𝑖𝑜𝑛−1 (for an uncapped 7 𝑎𝑡. % Ge-Sn alloy) to 
almost zero (for an intact capping layer). A possible undesirable issue of the SiO2 
capping layer is the recoil implantation of unintended species from the capping layer, Si 
and O, into the underlying a-Ge. Nevertheless, SRIM simulation indicates that the 
recoiled concentration of Si and O, with respect to the concentration in the SiO2 layer, 
drops off to ~37% (penetration depth: 1/𝑒) at the depth of ~2 𝑛𝑚 and to ~1.8% (1/
𝑒4) at the depth of ~4 𝑛𝑚 below the a-Ge surface as shown in Fig. 4.5. Such a layer can 
be easily removed by a controlled reactive ion etching process prior to PLM without 
considerably reducing the Sn content as we discuss in chapter 5.  
 
Fig. 4.5: SRIM simulation of the O and Si intermixing, from a 40 𝑛𝑚 SiO2 capping layer, into 
the Ge substrates for a 120 𝑘𝑒𝑉 Sn implant 
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It is worth noting that porosity has previously been shown to initiate from the surface as 
demonstrated in self-ion irradiation of Ge in Ref. [102]. Indeed, it is demonstrated  that 
vacancies preferentially form clusters and voids at the a-Ge surface during ion 
irradiation leading to pores that intersect the surface and develop with increasing dose 
into a porous structure like that in Fig. 4.4(d) [100]. Based on this initial development of 
porosity, the data in this report can be interpreted as showing that a SiO2 capping layer 
suppresses vacancy clustering under a cap at the a-Ge surface and hence surface-
initiated development of porosity. The reason for the inhibition of vacancy clustering 
(void formation) under a cap as the initiator of porosity is unclear. However, it may be 
related to the confining effect of the cap in suppressing ion-induced vacancy migration 
and agglomeration at the surface [103]. Further studies to help understand such effects 
are presented in the next section. 
4.4 Further study of the capping layer at various temperature 
The results presented so far were obtained only with LN2 temperature implantation. It 
has previously been shown that substrate temperature plays an important role on the 
formation of porosity in Ge [80,100,101]. Therefore, it is also necessary to study the 
behaviour of Ge substrates with a SiO2 capping layer under a variety of substrate 
temperatures. Fig. 4.6 presents a series of plane-view SEM and cross-section TEM 
micrographs of the Ge substrates implanted with 225 𝑘𝑒𝑉 Sn at a fixed implant dose of  
2.0 ∙ 1016 𝑖𝑜𝑛 ∙ 𝑐𝑚−2 and substrate temperature from room temperature to liquid 
nitrogen temperature. Substrate temperature was monitored and adjusted during 
implantation to have an accuracy of ±3℃. To study the effect of the capping layer, half 
of the samples were deposited with 20 𝑛𝑚 SiO2 prior to the implantation. The capped 
and uncapped samples were implanted together to ensure the implant conditions were 
exactly the same on both samples.  
In the implantation of Ge into Ge substrates [104], the degree of porosity between the 
capped and uncapped samples is quite similar for a room temperature implant. The cap 
does not appear to reduce the formation of pores. At lower temperatures, such as 
−50℃, the suppression effect of the cap was shown to commence. However, in the case 
of a Sn implant as shown in Fig. 4.6, at −50℃ the degree of porosity appears to be 
quite similar on both types of substrates. Only at liquid nitrogen temperature is the 
porosity suppressed on both samples. It is believed that for the Sn implants the density 
of vacancies created by Sn ions is higher than for Ge ions at the same substrate 
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temperature; hence the initiation point for the cap suppression shifts towards lower 
temperature for the Sn implants.   
In Fig. 4.6 (iii, iv) and (vii, viii), the thickness of the porous layers in the capped 
samples is consistently larger than those for the uncapped sample. As shown in the 
previous section, a capping layer can drastically reduce sputter erosion of the beam. 
Similarly, the cap is able to effectively prevent the porous layer from ion-beam 
sputtering, which makes the porous thickness larger for the samples with a cap. The 
porous layer of the capped samples also appears to be denser and have a more even 
surface due to the absence of sputtering.  
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Fig. 4.6: SEM and TEM micrographs of Ge substrates implanted with 225 𝑘𝑒𝑉 Sn at a fixed 
dose of 2 ∙ 1016 𝑖𝑜𝑛 ∙ 𝑐𝑚−2 and substrate temperature of room temperature (i – iv), −50℃ 
(v - viii) and liquid nitrogen temperature (ix - xii). 
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Further experiments on the effect of the cap are conducted with a fixed room 
temperature implant, but at a variety of implant doses from 0.5 ∙ 1016 𝑖𝑜𝑛 ∙ 𝑐𝑚−2 to 
2.0 ∙ 1016 𝑖𝑜𝑛 ∙ 𝑐𝑚−2, as shown in Fig. 4.7. In this figure, the capping layer at room 
temperature does not suppress efficiently porosity even at a dose of 0.5 ∙ 1016 𝑖𝑜𝑛 ∙
𝑐𝑚−2.  The thickness of the porous layer at this dose is measured to be 180 𝑛𝑚. This 
thickness monotonically increases with the implant dose, such as 268 𝑛𝑚 for the 
1 ∙ 1016 𝑖𝑜𝑛 ∙ 𝑐𝑚−2 implant and 562 𝑛𝑚 for the 2.0 ∙ 1016 𝑖𝑜𝑛 ∙ 𝑐𝑚−2 implant dose.  
 
Fig. 4.7: XTEM micrographs of capped Ge substrates implanted with 225 keV Sn at fixed 
room temperature and at various doses of 0.5 ∙ 1016 𝑖𝑜𝑛 ∙ 𝑐𝑚−2 (a), 1.0 ∙ 1016 𝑖𝑜𝑛 ∙ 𝑐𝑚−2 
(b) and 2.0 ∙ 1016 𝑖𝑜𝑛 ∙ 𝑐𝑚−2 (c). On the left side are magnified images of the near surface 
region showing a thin layer of Ge under the cap that is denuded of pores. 
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This increase of the porous thickness with implant dose is widely known in the porous 
Ge literature [80,100,101]. However, a noticeable feature in Fig. 4.7 is that, at the 
surface of the Ge samples with a capping layer, there is always a thin layer denuded of 
pores at all implant doses. The insets of Fig. 4.7 (a-c) (on the left) clearly show this 
pore-denuded layer, which is in contrast to the uncapped samples, whose pores have an 
open end at the sample surface (Fig. 4.6). There are few studies in the literature on this 
phenomenon. Appleton et al. [105] and Janssens et al. [98] briefly reported that the 
pores did not intersect the surface of samples having a capping layer. However, such 
behaviour was not specifically illustrated and no explanation of the barrier layer was 
given in these papers. In addition, in Fig. 4.7 the thickness of the barrier layer is 
comparable for all implant doses. For both 0.5 ∙ 1016 𝑖𝑜𝑛 ∙ 𝑐𝑚−2 and 1 ∙ 1016 𝑖𝑜𝑛 ∙
𝑐𝑚−2 samples, this thickness is 12.5 𝑛𝑚. For the higher implant dose of 2 ∙ 1016 𝑖𝑜𝑛 ∙
𝑐𝑚−2, this thickness is slightly smaller at ~10.5 𝑛𝑚, which might be due to partial 
sputtering away of the capping layer and then part of the underlying pore-denuded layer.  
There are several possible explanations for the origin of the pore-denuded layer. Firstly, 
this might be due to intermixing of Si and O atoms from the capping layer with the 
underlying Ge substrate. SRIM simulation of the implantation of 225 𝑘𝑒𝑉 Sn into Ge 
substrate with 20 𝑛𝑚 SiO2 layer indicates that the penetration depth of Si and O into the 
substrate is ≤ 10 𝑛𝑚, consistent with the data shown in Fig. 4.7. Previous studies of 
porosity in Si-Ge alloys indicate that porosity is suppressed with higher concentrations 
of Si in the alloys [100]. However, Si intermixing from the cap might not be the reason 
for the denuded layer since there is no dose dependence. Indeed, with higher implant 
doses from 0.5 ∙ 1016 𝑖𝑜𝑛 ∙ 𝑐𝑚−2 to 2 ∙ 1016 𝑖𝑜𝑛 ∙ 𝑐𝑚−2, the penetration depth and 
concentration of Si in the near-surface region of Ge must increase accordingly, leading 
to a thicker denuded layer if intermixing was the cause, which is not the case as shown 
in Fig. 4.7. Furthermore, different capping materials, such as a-Si and thin film 
aluminium, have been used (not shown here but see Ref. [104]), and the denuded layer 
thickness is found not to depend on the type of the cap material. Therefore, intermixing 
of impurities from the cap might not be a plausible reason for the void-denuded layer. 
We suggest that the origin of the denuded layer might be a result of viscous flow of a-
Ge during ion implantation and wetting of the cap by a-Ge. Viscous flow of covalently 
bonded materials during ion bombardment, such as Si, Si-Ge alloy, SiO2, etc., has been 
previously reported [106,107] and explained in terms of implant-induced damage and 
resultant compressive stress in the material. Compressive stress in the implanted region 
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can reach the order of 108 𝑁/𝑚2 [107] and the degree of damage and compressive 
stress accumulates until the material becomes fully amorphised. Radiation-enhanced 
plastic flow then occurs to release the stress in the implanted region. The viscosity of 
silicon implanted by 2 𝑀𝑒𝑉 Xe is ~1013 𝑁𝑠/𝑚2, which is at least 4 orders of 
magnitude smaller than thermally activated shear viscosity in a-Si [107]. Similarly, in 
our case a-Ge under ion implantation can also flow under the cap.  
Indeed, when a-Ge is rendered porous, the dramatic expansion of the porous layer, 
typically illustrated in Fig. 4.3, is partly driven by the viscous flow of the amorphous 
phase. Hence, when a cap layer is present, the expanding a-Ge will be driven towards 
the cap. We further propose that interfacial free energy and wetting process will control 
the behaviour of a-Ge directly under the cap. We note that Hu et al. [108,109] 
previously reported on dewetting behaviour of a deposited metal layer on SiO2 under 
irradiation with 800 𝑘𝑒𝑉 Kr+ ions. This dewetting phenomenon was attributed to the 
minimisation of free energy, resulting in the formation of large metal droplets on the 
surface with large metal-free region between them. Hence, in our case of a denuded a-
Ge layer under the SiO2 cap we suggest that the opposite, wetting phenomenon is 
operative. Stress and viscous flow under irradiation [108,109] drive a-Ge towards the 
cap layer and wetting and free energy minimisation will control the thickness of a pore-
free a-Ge layer under the cap. Consequently, when a-Ge wets the cap under the 
irradiation conditions of this study and is able to maintain an equilibrium thickness that 
minimised free energy, the layer denuded of pores will not exhibit any dependence on 
ion dose, ion species, thickness, type of the cap layer and temperature, as we observe 
experimentally and report in [104]. However, further experiments will be required to 
verify this explanation.  
4.5 Conclusion 
In conclusion, we have shown that capping Ge with a thin SiO2 layer extends the dose 
range of heavy elements that can be implanted at LN2 temperature without the 
development of porosity from 2.5 ∙ 1016 𝑖𝑜𝑛 ∙ 𝑐𝑚−2 to 4.5 ∙ 1016 𝑖𝑜𝑛 ∙ 𝑐𝑚−2. This 
method also suppresses the loss of implanted species by sputter removal and permits 
implanted Sn concentrations up to 15 𝑎𝑡. %, which is close to 2.5 times that previously 
achieved without a capping layer. 
Our results also show that the effectiveness of the capping layer strongly depends on the 
substrate temperature. At temperatures > −50℃, the capping layer is not able to 
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suppress the formation of porosity. However, the data at −50℃ and room temperature 
always reveals a thin a-Ge layer denuded of pores underneath the cap. This is believed 
to be a result of viscous flow of a-Ge under the cap during implantation and formation 
of a wetting layer under the cap to minimise the interface free energy.    
These findings not only aid the production of high Sn content Ge-Sn alloys as a group 
IV direct bandgap semiconductor by ion beam synthesis, but also add important insights 
into porous structure development in ion implanted Ge.  
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5 
Characterisation and thermal stability of highly Sn-
concentrated thin film Ge-Sn alloys 
5 Characterisation and thermal stability of highly Sn-
concentrated thin film Ge-Sn alloys 
In chapter 4, we showed that by using a nanometer scale pre-implantation capping layer 
of SiO2, the porosity of the Ge-Sn layer and Sn loss due to sputtering are both 
significantly suppressed. After implantation, a Sn content of ~15 𝑎𝑡. % was achieved 
using a 40 𝑛𝑚 capping layer. No sign of surface porosity was detected in these samples 
and the surface remained atomically flat. 
In this chapter pulsed laser melting (PLM) followed by detailed physical 
characterisation of these concentrated alloys is presented, including Rutherford 
backscattering spectrometry (RBS), X-ray diffraction (XRD), transmission electron 
microscopy (TEM) and Raman spectroscopy. Such analyses determine the quality of the 
crystalline alloys and whether the sub-surface voids resulting from the ion beam 
synthesis can be removed by PLM. The thermal stability of the alloys, which is crucial 
information for further application of the materials, is also presented in this chapter. The 
data in this chapter have been published in Ref [110]. 
5.1 RBS and XRD results 
As in chapter 3, PLM was carried out on the concentrated alloys referred to in chapter 4 
using a frequency tripled Nd:YAG laser (355 𝑛𝑚, 4 𝑛𝑠) with a single pulse of 
~0.4 𝐽 𝑐𝑚−2. During the process, time resolved reflectivity measurements performed 
with an Ar ion (488 nm) laser source provided a melt duration of 53 − 66 𝑛𝑠. After 
PLM, RBS spectra were taken on the 3.0 ∙ 1016 𝑐𝑚−2 and 4.0 ∙ 1016 𝑐𝑚−2 samples in 
channelling and random configurations to characterise the physical properties of the 
samples. Typical RBS results are shown in Fig. 5.1. The Sn concentration of the 
3.0 ∙ 1016 𝑐𝑚−2 sample after implantation is ~9.5 𝑎𝑡. % as determined by simulating 
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the red spectrum in Fig. 5.1 with a RUMP spectrum [58]. The Sn profile of the sample 
is Gaussian-like as expected for a non-porous Ge sample. After PLM, the crystal 
structure of the Ge-Sn layer recovered very well as indicated by the reduced scattering 
yield of the green spectrum. The RBS/random spectrum of this sample (blue curve) 
shows that, although the Sn profile has been redistributed slightly during PLM, the peak 
concentration of Sn in Ge is estimated to be ~9 𝑎𝑡. %. This result is certainly 
encouraging as it is comparable to some of the best studies using molecular beam 
epitaxy [32,111] and chemical vapour deposition [31,35]. By using Eq. 7 (chapter 2) 
and scattering yields of Ge and Sn in the random and channelled RBS spectra, the 
substitutionality of Sn atoms in this sample is calculated to be 85 − 90%. 
 
Fig. 5.1: RBS spectra of 3.0 ∙ 1016 𝑐𝑚−2 sample and 4.0 ∙ 1016 𝑐𝑚−2 sample. 
For the 4.0 ∙ 1016 𝑐𝑚−2 sample, the channelling spectrum of this sample (purple) shows 
high scattering yield of both the Sn and the Ge signals. The channelling signal of Sn is 
even comparable to the Sn signal of the as-implanted 3.0 ∙ 1016 𝑐𝑚−2 sample. For the 
Ge signal, there are two large bumps: one at the sample’s surface and one at about the 
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back edge of the amorphous layer. This RBS data suggests that the 4.0 ∙ 1016 𝑐𝑚−2 
sample has high degree of disorder in the lattice. Although the implant doses of the two 
samples are not very different, the crystal quality between them is significantly 
different. The reason for this quality difference will be clarified in a later section, 
followed by a method to improve the crystal quality of high implant dose capped 
samples.  
 
Fig. 5.2: XRD-reciprocal space mapping of the 3.0 ∙ 1016 𝑐𝑚−2 (~9 𝑎𝑡. % 𝑆𝑛) and the 
4.0 ∙ 1016 𝑐𝑚−2 samples on the asymmetrical plane (224) 
Fig. 5.2 is the X-ray reciprocal space map of the 3.0 ∙ 1016 𝑐𝑚−2 and 4.0 ∙ 1016 𝑐𝑚−2 
samples after PLM. The map was constructed by doing a series of 𝜔 − 2𝜃 scans at 
slightly different 𝜔 offsets around the asymmetric reciprocal point (224), similar to the 
procedure described in chapter 3. The intensity of the two maps has been normalised so 
that it is convenient to make a direct comparison between the two samples. The highest 
intensity point, represented by the red dot, is the reciprocal point (224) from the Ge 
substrate. The perfectly vertical streak going downwards from this point indicates a 
compressively strained Ge-Sn layer. As discussed in chapter 3, the narrow width of this 
streak suggests excellent quality of the thin Ge-Sn alloy, particularly the 3.0 ∙
1016 𝑐𝑚−2 sample (Fig. 5.2(a)). This strain result is usually expected for good quality 
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epitaxy of a thin layer in which there is uniaxial strain perpendicular to the film as a 
result of the film accommodating the same lateral lattice parameter as the substrate. 
However, as discussed earlier, studies have shown that the biaxial compressive strain as 
in this case has a negative impact in the Ge-Sn layer in terms of the direct bandgap 
transition as it requires a higher concentration of Sn to compensate for the strain [23].  
For Fig. 5.2(b) of the higher implant dose sample, the region around the reciprocal point 
of the substrate is more diffuse and the vertical streak appears to be less intense as well 
as less extended downwards as compared to the other sample. These features indicate a 
compromised crystal quality of the 4. 0 ∙ 1016 𝑐𝑚−2sample, in good agreement with the 
RBS data. Nevertheless, the XRD data provide additional information that the Ge-Sn 
layer of the higher dose sample has regions of good crystalline quality, as represented 
by the finite vertical streak. More detail on the crystal quality of these two samples will 
be given in the following TEM section.    
5.2 Raman spectroscopy and TEM analysis 
Raman spectroscopy of post-PLM samples has been conducted to study bonding 
arrangements within the Ge-Sn lattice, most noticeably the Ge-Sn local vibration 
phonon mode and the 1
st
 order Ge-Ge phonon mode. Detail on the Raman system and 
measurement parameters can be found in section 2.2.1.3 in chapter 2 and section 3.2 in 
the chapter 3. Since most of the laser power is absorbed within ~40 𝑛𝑚 of the surface 
[83], only the Raman data from the Ge-Sn layer is examined without contribution from 
the underlying Ge substrate. In Fig. 5.3, for the pristine Ge sample (square-black), the 
1
st
 Ge-Ge mode is located at a wavenumber of 300.6 𝑐𝑚−1 and there is no Ge-Sn mode. 
With the introduction of Sn into the Ge lattice, an additional peak arises at a 
wavenumber of 259.4 𝑐𝑚−1 (2.5 ∙ 1016 𝑐𝑚−2 sample, green-triangle), which indicates 
substitutionality of Sn in Ge lattice [112]. The intensity of the Ge-Sn phonon mode 
monotonically increases with increasing Sn concentration. The FWHM of the 1
st
 order 
Ge-Ge mode, representing the crystal quality of the pristine sample and the Ge-Sn 
samples, is 2.7 𝑐𝑚−1 and ~7 𝑐𝑚−1, respectively. As a consequence of the substitutional 
Sn atoms and the uniaxial strain, the 1
st
 Ge-Ge mode consistently shifts to a lower 
wavenumber. The wavenumber difference between the pristine Ge and the highest dose 
sample is 11.6 𝑐𝑚−1. It is widely known that the shift of the 1st Ge-Ge phonon mode 
(∆𝜔) is a function of both the concentration of substitutional Sn (𝐶𝑠𝑛) and the in-plane 
strain of the Ge-Sn lattice (𝜀𝑖𝑛−𝑝𝑙𝑎𝑛𝑒): 
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∆𝜔𝐺𝑒−𝑆𝑛 = 𝜔𝐺𝑒 − 𝜔𝐺𝑒−𝑆𝑛 = 𝑎 ∙ ∁𝑆𝑛 + 𝑏 ∙ 𝜀𝑖𝑛−𝑝𝑙𝑎𝑛𝑒, 
where a and b are constants. According to Ref. [113], for a fully strained Ge-Sn alloy, 
the shift in wave number can be simplified to ∆𝜔𝐺𝑒−𝑆𝑛 = 76.8 ∙ ∁𝑆𝑛. Noting that the 
substitutional Sn concentration of the 3.0 ∙ 1016 𝑐𝑚−2 sample is ~9 𝑎𝑡. %, if we assume 
that the X-ray diffraction analysis indicates a fully strained Ge-Sn material (Fig. 5.2(a)), 
at this concentration the calculated shift of the 1
st
 Ge-Ge peak is 6.9 𝑐𝑚−1. Our 
experimental data for this sample indicates a shift of 6.5 𝑐𝑚−1, in good agreement with 
the calculated value, further confirming a fully strained Ge-Sn layer. For the 4.0 ∙
1016 𝑐𝑚−2 sample, the calculated and the experimental data are ~9.2 𝑐𝑚−1 and  
11.6 𝑐𝑚−1 respectively. The large discrepancy between the two values is probably due 
to a partial relaxation of the Ge-Sn lattice through the introduction of defects, such as 
the disordered blobs shown in Fig. 5.4, at such a high Sn concentration. Due to this 
relaxation, the second term of the shift expression becomes larger, giving rise to a larger 
shift as compared to a fully strained layer.  
 
Fig. 5.3: Raman spectra of the Ge-Sn samples after PLM. The intensity of the Ge-Sn phonon 
mode consistently increases with higher Sn implant doses. As a result of the increasing 
substitutional Sn, the 1st order Ge-Ge phonon mode shifts towards lower Raman shift. 
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Further TEM analysis was undertaken to characterise the crystallinity of the Ge-Sn layer 
after PLM. Fig. 5.4(a) shows that the small band of 2 − 7 𝑛𝑚 diameter voids in Fig. 
4.4(d) in chapter 4 can be annihilated by the PLM process for the 3.0 ∙ 1016 𝑐𝑚−2 case. 
Neither significant disorder nor extended defects have been observed in this sample. 
Electron diffraction conducted within the Ge-Sn layer of this sample (inset) shows a 
typical diamond cubic structure. The blurry ring within the pattern was identified to be 
from an amorphous platinum layer deposited on the Ge samples during focused-ion-
beam sample preparation. 
 
Fig. 5.4: TEM micrographs and electron diffraction of the 3.0 ∙ 1016 𝑐𝑚−2  and 4.0 ∙
1016 𝑐𝑚−2 samples after PLM. 
However, for the higher dose case in Fig. 4.4(f) it is shown in Fig. 5.4(b) that the voids 
and impurities following implantation give rise to residual disorder after PLM in the 
form of large amorphous regions. Our energy-dispersive X-ray spectroscopy (EDS) data 
show that the relative concentration of Sn changes only slightly within these regions 
(Fig. 5.5(b)); i.e. these blobs are not Sn precipitates. Meanwhile, the concentration of 
oxygen (O) significantly increases as indicated by the EDS map of O in the sample, as 
shown in Fig. 5.5(c). Therefore, it is hypothesised that O atoms in the capping layer are 
intermixed with the substrate during the implantation. Although the intermixing layer is 
shallow, within 5 𝑛𝑚 of the surface, O appears to be relocated towards the voids during 
the melting stage, thus hindering a full recovery of the lattice. Similarly, the intermixed 
oxygen appears to retard the recrystallization at the sample’s surface as shown in the 
inset of Fig. 5.4(b). The amorphous regions at the surface and close to the back edge of 
the Ge-Sn layer are consistent with the two large bumps in the RBS spectrum and the 
XRD behaviour mentioned in the previous section. It is therefore necessary to remove at 
least the first 5 𝑛𝑚 of the sample surface prior to PLM by a controlled etching process 
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such as reactive ion etching to remove the intermixed O and achieve a better quality 
crystalline alloy layer. We demonstrate this process in section 5.3 below. 
 
Fig. 5.5: Bright field TEM image (a) and associated EDS maps of Sn (b) and O (c) in the 
4.0 ∙ 1016 𝑐𝑚−2 sample. 
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5.3 Improvement of crystal quality after removal of oxygen 
contamination  
As shown in section 5.2, oxygen intermixing from the capping SiO2 layer appears to 
hinder good crystallisation from the melt during PLM, leaving a sub-surface band of 
defective regions in the material. This hypothesis is now examined by removing the O 
intermixed layer prior to the PLM process. Because the penetration depth of O due to 
ion-beam mixing is less than 10 𝑛𝑚 according to a SRIM simulation (Fig. 4.5), 
~30 𝑛𝑚 of the sample surface was removed by a reactive ion etching step. Etching 
recipe is as follows: gaseous etchant sulfur hexafluoride (SF6), flowrate of 10 𝑠𝑐𝑐𝑚, 
ICP power of 100 𝑊, bias power of 100 𝑊 and substrate temperature of ~20 ℃ [114]. 
After the PLM of the etched samples, RBS characterisation was conducted as shown in 
Fig. 5.6.    
 
Fig. 5.6: RBS spectrum of the 4 ∙ 1016 𝑐𝑚−2 sample with an O intermixing layer (magenta). 
After the O2 layer being removed by RIE, the scattering yield is significantly reduced, i.e. 
better crystal quality.  
As indicated previously, the un-etched sample after PLM shows a sub-surface bump 
behind the Ge surface and a high scattering yield of both the Ge and Sn signals. 
However, the RBS/C spectrum of the etched Ge-Sn sample has a significantly reduced 
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scattering intensity and the sub-surface bump has disappeared. This result confirms that 
the disordered region below the sample surface is almost certainly the result of effect of 
O contamination. Thus, the regrowth of crystalline Ge-Sn from the melt is improved by 
removing the intermixed layer before PLM. This result is further confirmed by TEM 
analysis in Fig. 5.7. On the left is the amorphous Ge-Sn layer after etching. The depth of 
the porous band is ~30 𝑛𝑚. As compared to Fig. 5.4(b), this depth is about 30 𝑛𝑚 
shallower due to the removal of 30 𝑛𝑚 of the surface by RIE. The right figure is the 
high resolution TEM micrograph of the 4 ∙ 1016 𝑐𝑚−2 sample after PLM. The figure 
shows a relatively good crystal with no extended defects noticeable. In particular, at the 
depth of the voided region before PLM, there is no disordered/amorphous region in this 
figure after PLM, consistent with the RBS data. Thus, RIE appears to solve the 
problems that can arise from intermixing of a cap with Ge during ion beam synthesis. 
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Fig. 5.7: TEM micrographs of the as-implanted sample (a) and the sample after PLM (b). It 
can be seen that the pores in the as-implanted sample were removed after PLM. 
5.4 Thermal stability of ion-beam synthesised Ge-Sn alloy 
The 3.0 ∙ 1016 𝑐𝑚−2 sample after was annealed at various temperatures to study its 
thermal stability and suitability for device processing. The range of annealing 
temperatures varied from 250℃ to 500℃ in increments of 25℃. Each anneal was 
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conducted over the course of 30 𝑚𝑖𝑛 in an argon atmosphere with a flow rate of 
100 𝑠𝑐𝑐𝑚. Each annealed sample was characterised with the RBS/channelling 
technique to determine the diffusion and substitutionality of Sn atoms. 
Fig. 5.8 contains RBS-C spectra of the 3 ∙ 1016 𝑐𝑚−2 sample after PLM and various 
annealing conditions. The spectra in Fig. 5.8 were collected in a glancing RBS geometry 
that enhances the depth resolution. In this case the Sn at the surface is observed as a 
clear surface peak. In the Ge part of the spectrum the Ge surface peak is also clear but 
there is another subsurface peak. The latter is most probably a result of an axial 
oscillation peak [60] that appears for good quality crystalline materials analysed with 
good depth resolution. It is observed in the pristine Ge sample as well. 
The RBS/channelling spectrum of the 3.0 ∙ 1016 𝑐𝑚−2 sample is largely unchanged 
from 250℃ to 400℃ relative to the non-annealed spectrum. As seen in Fig. 5.8, the Sn 
profile begins to change after an anneal temperature of ~400℃. The degree of Sn 
segregation to the surface (where it presumably precipitates) increases with increasing 
temperature between 450℃ and 500℃. In addition, comparing the channelled spectrum 
in Fig. 5 with the corresponding random spectrum (not shown) indicates shows that a 
corresponding loss of Sn substitutionality occurs beyond 400℃ annealing. In summary, 
the crystalline Ge-Sn alloys are stable under annealing up to 400℃ for 30 𝑚𝑖𝑛. This 
result is in good agreement with other reports [115,116] for alloys prepared by CVD 
and MBE methods. 
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Fig. 5.8: RBS/channelling spectra of 3.0 ∙ 1016 𝑐𝑚−2 samples (~9 𝑎𝑡. % 𝑆𝑛) before and 
after annealing at 400℃, 450℃ and 500℃ for 30 𝑚𝑖𝑛.  
5.5 Conclusion 
The data in this chapter show that the method of ion implantation followed by pulse 
laser melting is capable of producing a Ge-Sn alloy with a Sn concentration of 
~9 𝑎𝑡. %.  Detailed characterisation using RBS, XRD and TEM demonstrate good 
crystallinity of the 3.0 ∙ 1016 𝑐𝑚−2 sample as the nanometer scale voids can be 
eliminated during the laser melting process. However, for the 4.0 ∙ 1016 𝑐𝑚−2 sample 
larger voids and more extensive oxygen intermixing from the capping layer interferes 
with good epitaxial growth during resolidification. Oxygen intermixing also appears to 
inhibit the crystallisation at the surface. Nevertheless, a pre-etching step using RIE to 
remove the intermixed layer improves the sample quality after PLM quite substantially. 
The thermal stability study shows that the highly Sn concentrated alloy is quite stable 
under thermal annealing up to 400℃ for 30 𝑚𝑖𝑛. This thermal budget makes the 
material highly applicable for manufacturing electronic and photonic devices. For 
example, contact formation (germanidation) tends to occur at around 250 − 300℃. 
Characterisation and thermal stability of highly Sn-concentrated Ge-Sn alloys 
 
103 
 
  
Although it is shown in this chapter that ion beam synthesis can be used to produce a 
high quality Ge-Sn thin film with 9 𝑎𝑡. % 𝑆𝑛, the material realised by this technique 
also has a high degree of compressive strain in the material, similar to other growth 
methods (MBE, CVD). There is growing evidence that compressive strain strongly 
obstructs the transition to a direct bandgap material and this is currently one of the most 
pressing problems in developing direct bandgap Ge-Sn alloys. Therefore, this problem 
will be addressed in the next chapter. 
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6 
Ion beam synthesis and characterisation of strained-
relaxed Ge-Sn alloys 
6 Ion beam synthesis and characterisation of strained-relaxed 
Ge-Sn alloys 
6.1 Introduction 
It was shown in chapter 5 that good quality Ge-Sn alloys with a Sn concentration of 
~9 𝑎𝑡. % can be achieved by the ion beam synthesis method. However, XRD 
characterisation shows a large compressive strain in the thin alloys, which can counter 
the progression towards a direct band gap material due to the introduction of Sn. 
According to the calculation in Ref. [23], a Ge-Sn layer grown pseudo-morphically on a 
pristine Ge substrate is not able to transform to direct bandgap material at any Sn 
concentration, whereas other studies indicate that the Sn concentration needs to be much 
greater than that for unstrained material. Therefore, finding a pathway to synthesise 
good quality strain-relaxed Ge-Sn alloys with high Sn content is of the utmost 
importance in this area of research. 
Conventional pseudo-morphic growth of thin crystalline films with a different 
equilibrium lattice parameter to that of the substrate can result in strained or relaxed 
films, depending on the film thickness. Very thin films can grow in a fully strained 
manner where the lattice expands normal to the surface but preserves the same lattice 
spacing as the substrate in the plane of the surface. However, when the film thickness is 
larger than a critical value, strain relaxation is induced in the film through the 
introduction of a variety of defects [28], as initially proposed by Matthews and 
Blakeslee. A thicker active layer is also necessary for potential photonic applications, 
such as photodetectors and laser devices, where thicker films have improved photon 
absorption and photon emission. In this section, ion beam synthesis of Ge-Sn alloys at 
significantly higher implant energy will be presented. Physical properties of the films 
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are characterised by RBS, XRD, Raman spectroscopy, and TEM. A preliminary 
photoluminescence study of the film will also be presented in this section.  
6.2 Experiment 
Pristine (100) Ge substrates were implanted with Sn ions at an energy of 350 𝑘𝑒𝑉 and 
at a range of implant doses from 3 ∙ 1016 𝑐𝑚−2 to 6.8 ∙ 1016 𝑐𝑚−2. Prior to the 
implantation, a 40 𝑛𝑚 SiO2 capping layer was deposited on the Ge surface. During the 
implantation, the substrate temperature was kept constantly at 77𝐾. Both of these 
conditions are to suppress porosity formation under high dose ion bombardment as 
presented in chapter 4 and Ref. [104,117]. After the implantation, all samples were 
dipped into a buffered HF acid solution (HF:NH4F = 1:7) for ~30 𝑠ec to remove the 
remaining capping layer. Since intermixed oxygen from the capping layer was shown to 
considerably hinder good quality regrowth during PLM (section 5.3), ~30 𝑛𝑚 of the 
sample surface was removed by plasma etching (RIE). Prior to PLM, all samples were 
furnace annealed at 250℃ for 30 𝑚𝑖𝑛 in Ar ambient, which is to form a sharp transition 
between the underlying crystalline Ge and the amorphous Ge-Sn layer without changing 
the distribution of the implanted Sn ions [57]. Finally, PLM was conducted using the 
Nd:YAG laser system (section 2.1) with a fluence of 0.52 − 0.62 𝐽 ∙ 𝑐𝑚−2. This 
produced a uniform melted and resolidified spot with an area of 4 ∙ 4 𝑚𝑚2. According 
to section 2.3, this laser fluence is sufficient to melt through the amorphous layer 
created by the 350 𝑘𝑒𝑉 Sn implants. The films were then characterised as outlined in 
the next sections. 
6.3 RBS, XRD and Raman spectroscopy results 
Fig. 6.1 presents the RBS spectra of the 6.0 ∙ 1016 𝑐𝑚−2 sample, including the as-
implanted curve (green), the RUMP simulation curve (black), the PLM/channelled 
curve (blue) and the PLM/random curve (purple). The simulation curve (to best fit the 
random as-implanted case) shows that after implantation the total amorphous thickness 
is ~360 𝑛𝑚 and the Sn concentration is ~8.5 𝑎𝑡. %. After PLM, the RBS/random 
spectrum shows a small change in the Sn profile with the Sn distribution spread more 
uniformly throughout the depth of the Ge-Sn layer. The Sn concentration at this stage is 
estimated to be ~7.5 𝑎𝑡. % and no significant surface peak, i.e. no surface segregation, 
is noticeable in the spectrum. By using both the RBS/random and the RBS/channelled 
spectra, from chapter 2 the substitutional fraction of the implanted Sn ions is calculated 
to be ~82%. In the RBS/channelled spectrum, a noteworthy feature is the peak below 
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the surface in the Ge part of the spectrum. While this peak does suggest a region of 
defects below the sample surface, it will be shown in later sections that the subsurface 
defective regions in this sample are not associated with the large amorphous blobs 
illustrated in section 5.2 due to oxygen contamination. It is, rather, the mechanism for 
strain relaxation in the material.  
 
Fig. 6.1: RBS spectra of the Ge-Sn samples implanted at 350 𝑘𝑒𝑉 and the dose of 
6.0 ∙ 1016 𝑐𝑚−2 (8.5 at. % Sn). 
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Fig. 6.2: XRD-𝜔/2𝜃 scan on the (224) plane (a) and reciprocal space mapping on the (224) 
planes (b) of the 6.0 ∙ 1016 𝑐𝑚−2 sample. 
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The XRD-𝜔/2𝜃 scan on (224) planes of the 6 ∙ 1016 𝑐𝑚−2 sample is shown in Fig. 
6.2(a). The Ge substrate peak is at 0 𝑠 for reference. Due to the lattice expansion, a 
single XRD peak of the Ge-Sn layer is at a lower Bragg angle, i.e. to the left of the 
substrate peak. To characterise simultaneously the in-plane and out-of-plane strain in 
the Ge-Sn alloys, XRD/reciprocal space mapping is employed and shown in Fig. 6.2(b). 
The most noteworthy feature in this figure is that the Ge-Sn peak is located along a 
diagonal axis relative to the Ge peak of the substrates. The full relaxation axis is 
determined by way of the in-plane and out-of-plane lattice constants (a and c 
respectively) having the same values. The RSM result therefore indicates that the Ge-Sn 
layer is fully relaxed because its peak is situated on the axis of full relaxation. By 
applying Eq. 9 in section 2.2.1.2, the lattice constant of the Ge substrate is ~5.65 Å, 
consistent with existing data in the literature [118], whereas, the lattice constant of the 
Ge-Sn layer is calculated to be ~5.7 Å. This gives the total lattice expansion of the Ge-
Sn layer as compared to the Ge substrates of ~0.9%. This strain relaxation is 
encouraging because according to Ref. [23] fully relaxed alloys with a Sn concentration 
> 6.5 𝑎𝑡. % (7.5 𝑎𝑡. % from RBS/C in this sample) would be sufficient for the direct 
bandgap transition.  
The Raman spectroscopy data are shown in Fig. 6.3. Due to the introduction of Sn into 
Ge lattice the 1
st
 order Ge-Ge phonon mode shown in this figure shifts towards lower 
wavenumber, similar to what was found in section 5.2. The peak positions of the 
pristine Ge/5/6/6.8 ∙ 1016 𝑐𝑚−2 are 300.32/295.54/294.22/292.9 𝑐𝑚−1, 
respectively. Therefore, the peak shifts of each sample as compared to pristine Ge are 
4.78 𝑐𝑚−1 for the 5 ∙ 1016 𝑐𝑚−2 sample, 6.1 𝑐𝑚−1 for the 6 ∙ 1016 𝑐𝑚−2 and 
7.42 𝑐𝑚−1 for the 6.8 ∙ 1016 𝑐𝑚−2 sample. 
As mentioned previously in section 5.2, peak shift in Raman spectroscopy combines an 
impurity component and a strain component as follows: 
∆𝜔𝐺𝑒−𝑆𝑛 = 𝜔𝐺𝑒 − 𝜔𝐺𝑒−𝑆𝑛 = 𝑎 ∙ ∁𝑆𝑛 + 𝑏 ∙ 𝜀𝑖𝑛−𝑝𝑙𝑎𝑛𝑒; 
hence for a strain-free Ge-Sn alloy (𝜀𝑖𝑛−𝑝𝑙𝑎𝑛𝑒 = 0), it is possible to calculate the 
substitutional Sn concentration from the shift of the Raman peak when the correlation 
between the shift and the Sn concentration is known. Such a correlation has previously 
been investigated, such as in Ref. [112] or in Ref. [87]. The value 𝑎 of the above 
equation is found to be −(82 ± 4) 𝑐𝑚−1 in Ref. [112] and −(75.4 ± 4.5) 𝑐𝑚−1 in Ref. 
[87]. An averaged parameter calculated from these two studies would be −(78.7 ±
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4.25) 𝑐𝑚−1. From the obtained peak shifts from the Raman spectroscopy data, the 
substitutional Sn concentration is estimated to be (6.1 ± 0.37) 𝑎𝑡. % for the 5 ∙
1016 𝑐𝑚−2 sample, (7.75 ± 0.46) 𝑎𝑡. % for the 6 ∙ 1016 𝑐𝑚−2 sample and (9.4 ±
0.5) 𝑎𝑡. % for the 6.8 ∙ 1016 𝑐𝑚−2 sample. These calculated values from Raman 
spectroscopy are in good agreement with the Sn concentration obtained from the RBS 
data and might be sufficient for the realisation of a direct bandgap material [23].  
Further analysis using a curve fitting procedure indicates that the pristine Ge and the 
5/6/6.8 ∙ 1016 𝑐𝑚−2 samples exhibit a FWHM of 3.4, 5.3, 6.15 and 6.9, respectively. 
In section 5.2, the FWHM of the pristine sample and the PLM sample are 2.7 𝑐𝑚−1 and 
> 7 𝑐𝑚−1, respectively. Thus, as compared to the set of samples in section 5.2, the 
microscopic structure of the 350 𝑘𝑒𝑉 Sn implanted set of samples appears to be slightly 
improved.   
 
 
Fig. 6.3: Raman spectra of the 350 keV samples after PLM. 
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6.4 TEM analysis and photoluminescence study 
 
Fig. 6.4: Cross-section TEM micrographs of the 5 ∙ 1016 𝑐𝑚−2 sample (bright field (a), high 
resolution (b)) and the 6 ∙ 1016 𝑐𝑚−2 sample (bright field (c), high resolution (d)). 
XTEM data for the 5 ∙ 1016 𝑐𝑚−2 and 6 ∙ 1016 𝑐𝑚−2 samples are shown in Fig. 6.4. In 
Fig. 6.4(a) of the 5 ∙ 1016 𝑐𝑚−2 sample, the crystal has relatively high quality with 
occasional defects. The high resolution XTEM figure of this sample (Fig. 6.4(b)) 
confirms the very high ordered Ge-Sn lattice arrangement of the crystal columns. The 
defects appear to be in the form of thin vertical threads extending from a depth of  
~110 𝑛𝑚 to the sample surface. At the end of the threads on the surface are small 
bumps (5 − 10 𝑛𝑚 in height) that appear to be an extrusion of the alloy out from the 
surface. At the higher implant dose of 6 ∙ 1016 𝑐𝑚−2, Fig. 6.4(c) shows an increase in 
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the defect density as well as the diameter of the ‘defect threads’ which can be seen 
clearly in the high resolution XTEM image in Fig. 6.4(d). 
The origin of these defects is unclear. The vertical orientation of such defects and the 
possible extrusion or precipitation of material have similarities to the conventional 
cellular breakdown phenomenon during rapid solidification of a molten layer to cellular 
breakdown [77,119]. However, we do not believe this is the case for the following 
reasons. Such cellular breakdown behaviour is well documented in the literature of laser 
annealing of semiconductors [49] and occurs when the impurity concentration is 
typically orders of magnitude above the equilibrium solubility. It results from an 
instability in the melt front under conditions when there is considerable segregation of 
impurity at the moving melt-solid interface. Excessive segregation causes lateral 
perturbations in impurity content at the interface and hence lowering of the melting 
point at regions of high impurity content in the melt. The final outcome is breakdown of 
the melt front and columns of precipitated impurity and defects [77]. However, our Ge-
Sn system does not exhibit any significant segregation of Sn at the melt-solid interface 
nor any subsequent surface segregation in any dose or energy regime following PLM. 
Since such behaviour is expected to be a precursor to cellular breakdown, we therefore 
do not believe that cellular breakdown is the origin of the defect lines in Fig. 6.4. 
Furthermore, no similar threading defects have been found in the significantly higher Sn 
concentrated samples (at lower energies), such as in chapter 3 and 5. For example, the 
3 ∙ 1016 𝑐𝑚−2 and the 4 ∙ 1016 𝑐𝑚−2 samples in chapter 5 have a Sn concentration of 
9 𝑎𝑡. % and 12.5 𝑎𝑡. %, respectively, as compared to ~6 𝑎𝑡. % of the 350 𝑘𝑒𝑉/5 ∙
1016 𝑐𝑚−2 sample. If cellular breakdown had indeed occurred in the latter case, it 
should also have occurred in the much higher Sn concentration cases in chapter 5. 
What then is the origin of the threading defects? We believe that such defects are related 
to the relaxation of the Ge-Sn layer. They are not conventional misfit dislocations that 
are associated with strain relaxation at elevated temperatures [120,121] since the non-
equilibrium PLM process does not give enough time for them to develop at elevated 
temperature. However, we note that the thinner Ge-Sn layers (100 𝑘𝑒𝑉 and 120 𝑘𝑒𝑉 Sn 
implants) were not subject to such relaxation nor threading defects. This may suggest 
that the thicker Ge-Sn layer (350 𝑘𝑒𝑉 Sn implants) leads to relaxation and necessary 
defect generation to accommodate the large Ge-Sn lattice parameters grown on a Ge 
substrate. If this is correct then there may be a level of critical integrated stress in the 
solidifying Ge-Sn material that, when exceeded, leads to relaxation and defect 
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formation even in highly non-equilibrium PLM It is highly likely that such relaxation 
occurs close to room temperature following completion of ultra-rapid PLM but how this 
might be occur is unknown. Further experiments need to be planned to investigate this 
aspect. It is worth also noting that the set of 350 𝑘𝑒𝑉 samples were annealed at 250℃ 
for 30 𝑚𝑖𝑛, which was thought to create a sharp transition between the amorphous and 
the crystalline phase and potentially help with good quality crystallisation. However, 
this annealing step might have introduced a favourable condition for the subsequent 
defect propagation to happen. Another set of samples without the pre-PLM annealing 
step were prepared to clarify this issue but could not be laser-melted and analysed 
before this submission.   
 
Fig. 6.5: Photoluminescence of the 350 keV Ge-Sn samples. 
As shown by XRD and Raman spectroscopy, samples implanted at 350 𝑘𝑒𝑉 have a 
high degree of strain relaxation and the Sn concentration is, in theory, sufficient for the 
direct bandgap transition. Therefore, a preliminary PL study has been conducted on the 
350 𝑘𝑒𝑉 samples as shown in Fig. 6.5. The 120 𝑘𝑒𝑉 samples (chapter 5) were also 
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studied by PL for comparison with the 350 𝑘𝑒𝑉 samples and are shown in the inset of 
Fig. 6.5. The excitation source is a 535 𝑛𝑚 laser with an exciting power of ~640 𝑚𝑊. 
The detector is an extended InGaAs device capable of detecting up to wavelengths of 
2400 𝑛𝑚 or down to a photon energy of 0.52 𝑒𝑉. This range of detection is necessary 
because the indirect bandgap of the pristine Ge material is ~0.66 𝑒𝑉 (equivalent to an 
infrared wavelength of 1880 𝑛𝑚). At the transition to direct bandgap, a bandgap energy 
of < 0.61 𝑒𝑉 is expected, as briefly calculated in section 1.2.2. The PL measurement 
was conducted at room temperature and under an atmospheric ambient.  
Although having a Sn concentration of > 10 𝑎𝑡. %, the PL measurement of the 
120 𝑘𝑒𝑉 samples (inset) does not show any significant PL signal from any of the 
samples. This is probably due to the compressive strain in the samples as presented in 
chapter 5  or to excessive defects in the alloy film. However, with strain relaxation in 
the 350 𝑘𝑒𝑉/5 ∙ 1016 𝑐𝑚−2 sample, it does show a considerable PL signal of ~0.02 
(arbitrary unit) with a significantly lower Sn concentration of ~6 𝑎𝑡. % as calculated 
from the Raman spectroscopy data. With an increased Sn concentration of ~9.4 𝑎𝑡. %, 
the PL signal of the 6.8 ∙ 1016 𝑐𝑚−2 samples increases to ~0.065 (arb. units). The 
photon energy of the emission is around ~0.576 𝑒𝑉, comparable to the value previously 
measured for a direct band gap Ge0.875Sn0.125 alloy of 0.55 𝑒𝑉 [27]. However, the PL 
peak position does not change much for the different dose samples in Fig. 6.5 and PL 
intensity is not consistent across the whole range of the implant doses. No PL signal 
was detected in the  6 ∙ 1016 𝑐𝑚−2 sample. This behaviour might be on account of 
residual defects in the Ge-Sn layer, as revealed in TEM micrographs.   
A possible solution to improve crystal quality of the samples is to re-amorphise part of 
the relaxed-GeSn layer. A subsequent PLM of this layer to just melt the amorphous 
layer to re-crystallise it from the underlying Ge-Sn seed may cause it to regrow in a 
defect-free manner. 
6.5 Conclusion 
A Ge-Sn alloy with 6 − 9 𝑎𝑡. % Sn and a high degree of strain relaxation have been 
demonstrated in this chapter. The Raman peak shift (∆𝜔) is used to calculate the soluble 
Sn concentration of up to 9 𝑎𝑡. % for the 6.8 ∙ 1016 𝑐𝑚−2 sample, in reasonable 
agreement with RBS/C data. The degree of strain-relaxation and the high Sn 
concentration of these samples are probably sufficient for the direct bandgap transition. 
PL measurements have shown photon emission at the wavelength of ~2150 𝑛𝑚.  
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However, an appreciable density of threading-type defects appears to deteriorate the 
photon emission, in particular in the 6 ∙ 1016 𝑐𝑚−2 sample. A possible solution to 
improve the crystal quality suitable for device application would be to remove such 
defects by a subsequent partial amorphisation and PLM of the relaxed alloy layer.  
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7 
Conclusions 
7 Conclusions 
7.1 Significant new findings in this study 
In this thesis, we have demonstrated several major developments towards the realisation 
of direct bandgap Ge-Sn alloys using ion implantation and pulsed laser melting and 
resolidification. In chapter 3, the first promising result on the method was reported by 
maintaining Ge substrates at liquid nitrogen (LN2) temperature during 100 𝑘𝑒𝑉 
implants. The low substrate temperature helped to delay the formation of ion-beam 
induced porosity and limited retained Sn content. Using such LN2 temperature implants, 
a good crystal quality thin Ge-Sn alloy with a Sn concentration of ~6 𝑎𝑡. % was 
achieved. This value is a fourfold improvement as compared to previously published 
results on the method. Optical property characterisation using spectroscopic 
ellipsometry demonstrated an optical transition tendency of the alloys towards a direct 
bandgap material with higher Sn concentration, as expected. However, the low 
temperature implant can only delay porosity up to an implant dose of ~2 ∙ 1016 𝑐𝑚−2 or 
a maximum retained Sn concentration of ~6.6 𝑎𝑡. %, even at LN2 temperature. 
 Chapter 4 reported on a significant improvement in suppressing ion-beam porosity by 
using a nanometer SiO2 capping layer on Ge substrates before implantation. It was 
clearly shown by RBS, stylus profilometry and electron microscopy that the capping 
layer is very efficient at eliminating porosity on the surface, as well as greatly reducing 
Sn loss by the sputtering effect. A remarkable ~15 𝑎𝑡. % 𝑆𝑛 after implantation was 
achieved using this method. Further study on temperature dependence of porosity was 
conducted at three substrate temperatures: room temperature, −50℃ and LN2 
temperature and it was shown that only LN2 temperature appear to effectively suppress 
porosity for a Sn implant to high dose. Furthermore, TEM images of the porous region 
at higher temperature showed an intriguing effect that occurs under the capping layer. 
An amorphous Ge layer denuded of pores appeared under the cap with a consistent 
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thickness of ~10 − 12 𝑛𝑚. This thickness is independent of implant dose, substrate 
temperature, capping material as well as implant species. This phenomenon is explained 
as a wetting effect between the capping layer and underlying amorphous Ge to minimise 
interfacial free energy.       
In chapter 5, the highly Sn-concentrated amorphous Ge samples reported in the previous 
chapter were subjected to PLM to produce crystalline thin Ge-Sn alloys with high Sn 
content. High quality material with Sn concentrations of ~9 𝑎𝑡. % was demonstrated. 
This result showed that ion beam synthesis of Ge-Sn alloys is comparable to some 
commonly used techniques such as MBE and CVD and hence is promising for 
applications. For the higher implant dose samples, however, O intermixing from the cap 
was shown to interfere with resolidification from the melt, causing defects and 
amorphous regions in the material. Fortunately, such intermixing of O with the Ge-Sn 
layer can be simply removed using a short reactive ion etching step. Improved crystal 
quality for samples with the contaminant O layer removed was presented. An issue with 
the thin (50 − 70 𝑛𝑚) alloys produced by 100 − 120 𝑘𝑒𝑉 Sn implantation and PLM 
was that XRD indicated a fully compressively strained state which compromises the 
transition to direct bandgap material. 
In chapter 6, strain relaxation is addressed as one of the most important aspects for the 
material to transform to direct bandgap, with a feasible pathway for strain relaxation 
demonstrated. Samples implanted at 350 𝑘𝑒𝑉 appear to have a very high degree of 
strain relaxation as determined by XRD-reciprocal space mapping. The soluble 
(substitutional) Sn concentration was characterised by RBS and Raman spectroscopy 
and estimated to be from ~6.1 𝑎𝑡. % for the 5 ∙ 1016 𝑐𝑚−2 sample to ~9.4 𝑎𝑡. % for the 
6.8 ∙ 1016 𝑐𝑚−2 sample. PL measurements clearly show a photon emission at a 
wavelength of ~2150 𝑛𝑚 from these strain-relaxed Ge-Sn alloys. However, the PL 
peak position and the intensity increase of the PL signal with dose are not quite 
consistent with the substitutional Sn concentration, which is believed to be due to a 
relatively high density of defects in the high Sn content relaxed samples. The origin of 
these defects is thought to be a non-equilibrium propagation of sub-surface defects 
towards the sample surface that mediates relaxation. 
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Table 6: Implant parameters and corresponding Sn concentration as measured by RBS. 
Chapter 
Implant 
SiO2 capping 
layer 
%Sn determined 
by RBS [𝑎𝑡. %] 
Energy 
[𝐾𝑒𝑉] 
Dose 
[∙ 1016 𝑐𝑚−2] 
Substrate 
temperature [℃] 
III 120 
1.3 
−197 Without cap 
4.3 
1.5 4.6 
1.7 4.8 
1.9 6 
2.1 6.6 
IV 120 
2.5 
−197 With/without 
cap 
7.5 
3.0 9.4 
3.5 11 
4.0 13 
4.5 15 
5.0 3.5 
0.5 − 2.0 −197/−50/𝑅𝑇 - 
V 120 
2.5 
-197 With cap 
7.5 
3.0 9.4 
3.5 11 
4.0 13 
4.5 15 
VI 
120 
2 
-197 With cap 
6.5 
3 9 
4 12.5 
350 
3 4 
4 5 
5 6 
6 8.5 
6.8 9.5 
 
7.2 Future work 
There are several areas where the results of this study suggest further work. Firstly, the 
thin a-Ge layer denuded of pores under a cap was suggested to be a result of wetting of 
the cap by a-Ge driven to the cap by viscous flow. This proposal should be investigated 
by using a range of different cap materials, some of which may cause dewetting (such as 
some metallic caps), and also more extensive temperature dependence. Secondly, the 
mechanism for strain relaxation of the 350 𝑘𝑒𝑉 Sn implanted samples needs to be 
investigated such as whether it happens during or sometime after PLM. Also, the nature 
of the threading defects requires more detailed TEM. 
We propose the following dual amorphization-regrowth process to synthesis a strain-
relaxed Ge-Sn alloy film with good crystal quality and removal of threading defects. 
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About 100 𝑛𝑚 of the Ge-Sn surface of the defective 350 𝑘𝑒𝑉 sample should be re-
amorphised by a low Ge implant dose of 1 ∙ 1014 𝑐𝑚−2 to a depth just above the start of 
the defect regions that induce strain relaxation. Such an implant dose should be 
sufficient to completely amorphise the upper part of the Ge-Sn layer without changing 
the Sn concentration or relaxation in the layer immediately under it. A subsequent PLM 
step at a lower laser fluence than previously is then necessary to induce melting and 
recrystallization of the near-surface amorphous part of the Ge-Sn layer on a relaxed Ge-
Sn seed layer with the same lattice spacing as desired for the near surface layer. It is 
anticipated that this process may either eliminate or significantly reduce the threading 
defects in the layer and give rise to much improved PL signal. 
Finally, IR photodetectors and hopefully optically and electrically pumped IR lasers 
should be fabricated in the best quality relaxed Ge-Sn material to fully demonstrate the 
potential of ion beam synthesised Ge-Sn alloys. 
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